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Synopsis.

The effects of microstructure and prestraining agging on ductile-to-brittle transition
temperature, fracture toughness and cleavage feacasistance of a multi-pass low-alloy
ferritic steel weld metal have been investigatéithe weld metal simulated submerged arc
welds used in the fabrication of Sizewell B powetien reactor pressure vessel. The study
aimed to investigate differences in mechanical ertps of a single microstructure; as-
deposited and reheated microstructures and subljetbe various mechanical tests.
Additionally, to simulate the effects of irradiati@mbrittlement a number of specimens were
prestrained and then statically strain aged. Ghampact transition curves had obvious
trends depending upon microstructure and conditieti, microstructure having a significant
influence on the transition region and upper-sh@lpact energy level. Prestraining and
ageing the specimens promoted an increase in tttdedto-brittle transition temperature and
reduction the upper shelf energy level for bothrostructures. The extremes of behaviour
were defined by the reheated as-received and assiteg prestrained and aged conditions,
being the “best” and “worst conditions” respectivellhis trend was repeated with the crack-
tip opening displacement tests. A combination axftdérs decreases toughness for the as-
deposited prestrained and aged condition, whiclibéel the highest yield stress, and lowest
work hardening exponent and the best cleavageufactsistance. Such factors result in
marked upwards shifts in Charpy impact transitiorves and decease in the crack growth

resistance curves.
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Chapter 1 - Introduction.

The nuclear power industry has been developingimpdoving designs for reactor pressure
vessel (RPV) technology for over 50 years. In phast 30-40 years the importance of the
design against brittle failure has been emphasiaedailure of this nature is catastrophic.
Structural integrity of engineering structures fisumdamental importance for safe operation,
as in-service failures may result in widespread aiganand fatalities. Considerable effort is
made to ensure that components can resist faileruevery condition and operation, e.g.
start-up, normal, loss of coolant (LOCA) and shwidg1-6]. Around the world, 31 countries

have a combined total of 440 commercial nucleactogs. About 22% of the electricity

produced in the UK today comes from nuclear powatians, with a quarter of these being
Magnox reactors. The expected service life ofdhesctors was originally 20 to 25 years,
however all but one of these plants has exceedeardjected life. The continued operation
and the future of nuclear power plants depends anymssues arising from day to day
operation and maintenance to plant ageing, withrtbst important factor being the continued
safe operation of the nuclear plants. The main m@sins affecting the ageing of the lifetime

operation of the nuclear reactor is neutron eniéniteént [7, 8.

The nuclear industry has been improving technoléigyn the first commercial concept,
Calder Hall in 1956 which had prototype reactodtedad'Magnox Gas Cooled Reactors” and
following successful operation nine full scale Magmpower stations were built in the UK, as
well as one each in Italy and Japan. Out of thelwem, three have now been
decommissioned. From the original Magnox concéptye have been new designs and
developments of light water technology. Pressuriaeder reactors (PWR) and advanced
boiler water reactors (ABWR) have been built in A and Japan. A large proportion of
contemporary nuclear power is supplied by lightewatactors whose cores are contained
within RPVs, and which must safely operate at temaipee of<290C [6, 9-11] and pressures
of *<7MPa in a BWR and:14MPa in a PWR. Other nuclear technologies are BBAN
(Canada Deuterium Uranium) based on natural uramuwoderated and cooled by heavy
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water, experimental pebble bed modular reactor (RBeInd advanced gas cooled reactors
(AGR), of which there are seven in the UK. Somehafse technologies are already active
and producing electricity, bringing advantages ofw | capital investment, modular

construction, reduced construction time and in@daficiency.

Over the last 40 years research has been carrtedarldwide in to the modelling of neutron
irradiation and more recently emphasis has beeareglan the understanding the mechanisms
that cause embrittlement. The assessments ofarymbsver plant standards are monitored by
the UK regulatory regime, whose main objectivedscontinually assess and monitor the
effects of neutron irradiation on the mechanical &tacture properties of materials within the

plant.

Surveillance programmes monitor the effects on raeickal and fracture properties of neutron
irradiation of the pressure vessel steel (RPV).tNeuirradiation causes an embrittiement
process, which consequently results in an increaseéhe ductile-to-brittle transition
temperature (DBTT) and decease in fracture toughpesperties, e.g. ductility. Surveillance
programmes highlighted with some concern that sugpetkarc welds were the most severely
affected areas of a vessel, and have resultedeirmadjustment of operational parameters of

some plants to offset the effects of embrittlement.

The efficiency of a nuclear power plant is goverr®dthe maximum temperatures and
pressures that can be safely maintained. Safe taperaf a reactor pressure vessel is
governed by maintaining the temperature and presaithin set margins relative to their
maximum values. In the UK, these parameters asbkstied by considering both resistance
to plastic collapse and brittle fracture using R&failure assessment diagram (BS 7910) [12].
The assessment uses information on the size ottdedssumed to be present in the vessel,
operating stresses, tensile properties of the presgssel steel and temperature dependence
of fracture toughness of the particular steel. Tengroperties can be ascertained from

surveillance programmes of the irradiated matehalyever the temperature dependency of
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fracture toughness for irradiated material has ¢oderived from comparing start-of-life
material to irradiated materials removed during sheveillance programme. However, such
programs are limited by the amount of materialg tan be removed, due to the difficulty
involved in the acquisition of the specimens asl aslthe high costs involved. Due to this
lack of relevant data large uncertainties can oasuhese are an important factor in achieving

accurate embrittlement trend equations.

This thesis attempts to address some of thesesigsube structural integrity assessment of a
Pressurised Water Reactor (PWR) vessel. The pkticveld metal investigated closely
matches the start-of-life properties of the “SizkwB” pressurised water reactor,
commissioned by the Nuclear Installations Inspet&(NIl HSE) and produced by ESAB
Group UK. The effects of irradiation were simulat®da prestraining treatment; this process
permitted unlimited use of large numbers of sanpdees tested under various conditions to
assess the changes in flow and toughness propértiegprogramme was set up to investigate
the effects of material microstructure, prestragnend static strain ageing of mechanical
properties of the weld metal. This series of experits follow on from previous programmes
which had studied the effects of microstructure prestraining on the mechanical properties
of carbon-Manganese steel (C-Mn steel) weld meaiatjlar to that used in Magnox type
reactors. The preceding tests were carried outoirk Wwy Novovic [13] and also work carried
out by both Wenman [14], using a simulated Mn-Mowidild metal produced by the TWI,
and do Patrocinio [15], who used a similar A533Bdv&hese studies were commissioned by
the NIl and all the studies revealed a differencéhe toughness of the weld metal, between

the as-deposited and reheated microstructuralmegio

Mechanisms of neutron embrittlement in low allogrite steels such as MnMoNi weld metal
are reviewed in Chapter 2. Also presented are dthewn embrittlement mechanisms, such
as dynamic and static strain ageing. They are coedp#o rationalise the use of cold
deformation to simulate irradiation embrittlememtie submerged-arc welding process is

reviewed in this chapter, as well as the weld psaldification process and solid phase
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transformations that lead to the final microstruationstituents of the weld pool. The effects
of alloying elements on the final weld microstruetare also considered.

Chapter 3 outlines the Linear Elastic Fracture Mwets (LEFM) and Elastic Plastic Fracture
Mechanics (EPFM), whilst presenting the concepppsed by Griffith and the extension of
this theory by Orowan-Irwin. Also reviewed are théroscopic models for cleavage failure
proposed by Cottrell, Smith, Stroh and Ritchie-Kfi®ice (RKR) model for fracture criteria.

Chapter 4 describes the different experimental g@oes and techniques which were
preformed throughout this thesis, including thedcaleformation and thermal ageing
procedures employed as well as Charpy Impact tgs@nack-Tip Opening Displacement,
CTOD, tensile testing and Blunt notch testing.

Chapter 5 describes the material characterisatibrthe different weld metal samples
presented within this thesis. Discussing the resoitttained from Energy Dispersive X-ray
analysis (EDX), Glow discharge spectrometry (GOf®th macro and micro hardness testing

and inclusion analysis.

The effects of the strain hardening and thermainagef the weld metal are compared with
the as-received weld metal with respect to variousrostructures as well as the flow

properties of the material and the Charpy energpidided are presented in Chapter 6.

Chapter 7 reports the effects of the prestraining ageing treatment on the fracture
resistance by calculating the intrinsic local ckege fracture stress.
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Chapter 8 examines the effects of prestraining ageing on the fracture toughness of the
weld metal, assessed in terms of CTOD) across a vethperature range, -1@6to room
temperature, Assessing the fracture toughness dthn the microstructures and in both
conditions; As-deposited As-received: ADAR, Rehdads-Received: RHAR, As-deposited
5% strain and statically aged: AD5%SA and Rehedi®d strain and statically aged:
RH5%SA.

A general discussion of the effects of prestrairang static strain ageing on the mechanical
properties of the weld metal are presented in Gna@pt Chapter 10 summaries the main

conclusions found in this work.
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Chapter 2 - Literature Review.

2.1Pressurized Water Reactor

The pressurized water reactor (PWR) is a generdtianuclear power reactor that uses
ordinary water under high pressures as a coolathtn@utron moderator, with the primary
coolant loop kept pressurized to prevent the wiaten boiling. PWRs are the most common
type of commercial reactor in the world, and weraioally designed by Bettis Atomic
Power Laboratory in the USA for naval use, espBcislibmarine propulsion. The first
nuclear submarine of this type was the Nautilusndhed in 1945 and the vessel remained in
service until 1983. More than 60% of the world@ranercial reactors are PWRs, with the
rest being gas-cooled or heavy-water reactors. Widrld’s first fully operational reactor was
demonstrated at Oak Ridge, USA. The X-10 graphieewas designed and built within ten
months and went into operation in November 1943 Pile was built to irradiate natural
uranium to produce plutonium which could be recedeand purified. This plutonium was
used to produce the second Atomic Bomb developéichmvas dropped onto the city of
Nagasaki, Japan on August 9 1945. In 1953, thddigofirst commercial nuclear power
station, Calder Hall was under construction intthéand connected to the grid in 1956 [16].
Calder Hall was the prototype for reactors callddagnox Gas Cooled Reactors” and
following the success of Calder Hall nine full se@ower stations were built in the UK, as
well as one in Italy and Japan. These stationsnasaral uranium metal, encased in non-
oxidising magnesium alloy (hence the MagNOX acropgs fuel and carbon dioxide as the

gaseous coolant.

In 2005, world-wide nuclear generation capacity vegproximately 381 Gigawatt days,
which corresponds to approximately 16% of the werddectricity generation. As of October
2005 there were 441 nuclear reactors currently kntmabe operating in 34 countries, with a

further 30 planned in 11 countries, notably in @Ghisouth Korea and Russia. The UK
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currently has a total of 23 reactors on 12 sitesvziding approximately 20% of the UKs
electricity supply. A map showing the current lb@as around the world is shown in Fig. 2.1

A nuclear reactor works by allowing fissile matégien the nuclear fuel to become engaged in
a chain reaction in the reactor pressure vesselggns released continuously by a fission
process maintained within the reactor core. Lag®unts of heat are released; this heat
energy is transferred from the core via a circiimarmal light water which acts as a both the
moderator and coolant through the reactor. Thimgoy coolant loop is pressurised so that
the water does not boil. The water within the teaaore reaches temperatures of
approximately 32%C, remaining liquid under approximately 150 timés@spheric pressure
(=150 bar). The more modern reactors use uraniuxidiqUGQ,) enriched to 3.2%. This
allows higher “burn up” (energy release) from thelfand the ceramic UQOpellets are
contained within Zircaloy (zirconium alloy) tubesWithin the reactor core, the primary
cooling circuit is a neutron moderator, so if arfytlbe water turned to steam the fission
reaction would slow down; this negative feedbadkatfis called a negative void coefficient,
and is one of the main inbuilt safety features ®?\WR. Many PWRs have a secondary
shutdown system which involves injecting a stroegtron absorber such as boron, into the
primary circuit, as shown in Fig. 2.2 and 2.3. &ois also routinely added into the primary
coolant water during normal operation as this alamore enriched fuel to be used, increasing
the potential “burn up” for the fuel in the reactdiowever, a drawback to this is it makes the
cooling water corrosive. The heat raised in thect@r is passed from the primary to a
secondary coolant circuit via heat exchangers, alikee energy is converted to steam at
approximately 70 bar and 28D. The high-pressure steam then drives the turcipeoduce
electricity, the steam than condenses back intematd returns to the heat exchangers by the
primary coolant loop. The thermal efficiency ispepximately 32% and with the design is

also inherently safer than those of boiling wasactors (BWR).

Sizewell B is located in Leiston, Suffolk and isetlonly commercial pressurized water
reactor, PWR, within the UK. Construction of SizwB started in 1987 and the power

station was finished in 1994, when it was connedtedhe main electric grid, originally
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designed for a commercial life of 40 years; aro@085, although similar stations elsewhere
in the world have been granted extensions to d t§t&0 years. The site is owned and
maintained by British Energy, who also own mainlyclear sites in the UK; including
Hinkley Point B and Hunterston B. Sizewell B caoguce a maximum of 1200 MW and
works continuously throughout the year generatitegtacity for more than 1.5 million
people and supplies 3% of the UK’s total energydsee

An aerial view of Sizewell B is shown in Fig. 2.4dathe reactor is contained within a
concrete biological shield and that is containethwifurther secondary containment. The
casing acts a radiation shield and is designeddueent the release of radioactivity into the
environment. The design is very compact compapedatlier reactors as water is a more
effective moderator than graphite. Thermal enengpgdpced by the reactor system is carried
away by pressurised water; the thermal energyead ts create steam in the secondary water
circuit and passed through two turbines. Eachinertcomprises of one high-pressure
cylinder and three low-pressure cylinders, driving2.5 MW generator, operating at 23.5 kV,
which is then raised to 400 kV, to be suppliedtie hational grid. As with many other
PWRs, Sizewell B was intended to be operated ot8&month operating cycle, at around
100% continuously for around 17 months and followeg a month’s shutdown for
maintenance and refuelling. PWR vessels haveiadridal shell design; ranging from 3.0-
5.0 metres in diameter and range from 12-15 meateheight. The thickness of the reactor
pressure vessel is around 0.25 meters and is sedjecmulti-axial loading. It is designed to
withstand hostile environments, accidents and obsmg transient conditions by decreasing
temperatures or pressure. The reactor pressureelvisssnade from nuclear grade steel

forgings. These forgings are welded together uaisgbmerged-arc process.
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2.2Neutron Embrittlement of Reactor Pressure
Vessel (RPV Materials)

The reactor efficiency is governed by the highrimié temperature of fluid, which is also at
relatively high internal pressures. The vessekni@tmust not only be resistant to this hostile
environment, it must also be resistant to the @ridbombardment of high-energy neutrons
radiating from the enriched uranium-235 enricheel,fas well as the alpha betap and
gammay radiation of uranium isotopes and fission produdi¢ghen the high-energy neutrons
pass through the weld belt-line, plate and forgingshe pressure vessel; they cause very
intense but local damage, which may cause the atemis to be displaced from their normal
position. When the first Magnox power stations eveuild the effect and mechanisms of
irradiation embrittlement on welds were not welldarstood. At the normal operating
temperature of the reactor pressure vessel (RRA8etdisplaced atoms can quickly return to
their position, however there is a small changtheatomic structure of the remaining steel.
Thus over the operating life of the RPV, which tenmany years, even decades these small
changes can accumulate to result in significantngba in mechanical properties, as a
consequence of embrittlement of the steel. Dedpite effect there are very few models
physically based explaining or clarifying the urgelg mechanisms of neutron
embrittlement in RPV steels. It is well understoidit the material’s strength usually
increases under these conditions, which by itselhaot necessarily a deleterious effect,
however the increase in strength also causes airo#i®e material’'s toughness, Fig. 2.5.
Neutron irradiation effects the material by raisthg ductile-to-brittle transition temperature
and reducing the toughness. Clearly this incrgadmnttleness will change the safe
operational limits of the materials according te B6 procedure [12, 17].

The changes in the properties of the RPV can batared through surveillance programmes
which measure the shifts in ductile-to-brittle s&ion temperatures (DBTT) and the upper
shelf energy (USE) level reduction using Charpy actptests. Thus start of life properties
need to be accurately defined in terms of Charppaich transition curves, transition

temperatures are compared at 40 or 41J. Thesesvaginate from the nil ductility
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temperature of Pellini drop weight test used op siteel plate from the World War 1l Liberty
ships where 28J occurs at the nil ductility tempers Fig. 2.6 [18]. This is the equivalent
value of 30 ft. Ib (40.7J) [19] therefore has foumdlour within the nuclear industry for the
same reason, i.e. it occurred at the nil ductibtyiperature of commonly used higher strength
steels for nuclear RPV’s. The nuclear industrynfbacceptance in the relationship between
the transition temperature at 4AIT40J) showing an equal temperature shift at 100tRa

for fracture toughness tests [19].

The RPV can tolerate modest reductions in toughwéb®ut any loss of integrity, due to the
conservative design codes, however large changss Ipeuavoided. The materials and the
weld metals which go into constructing the RPV aedected to minimise the effects of
neutron embrittlement and today most weld metaézius the fabrication of the RPV have
better toughness then the steel plates they welether. Early weld metals contained trace
amounts of copper in their composition, which mtdeweld more sensitive to the effects of
neutron irradiation then the steel plates. Shawhig. 2.7 displays the change in toughness
in a submerged arc weld metal with 0.23% coppetetindue to the neutron embrittlement
as an example, the sample was tested by workeéhe &ak Ridge National Laboratory [20].
The figure shows the copper contribution remainshanged after the development of the
maximum value, it can also be seen that the positb the plateau increased with a
corresponding increase in copper content. Thisngka demonstrates that for materials with
a high copper content, a higher shift in Charpydotgoughness from neutron irradiation is to
be expected. As the weld metal strength increabesimpact toughness transition region
shifts to higher temperatures by nearly A@@nd the upper shelf impact toughness is reduced
by 1/3. There are several different regulatiora timit the upper shelf energy and transition
temperatures; if either of these limits is projece be exceeded then additional analysis may
be required. In some cases the continued operatithie power plant can not be justified due

to the levels of embrittlement, without reducing gmbrittlement by thermal annealing.
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2.2.1Safety concerns about the introduction of PWR’s irthe UK.

The British government during the 1970’s considenedlear power as a clean method for
providing the future power requirements in the Ukhe Central Electricity Generating Board
(CEGB) favoured introducing a PWR, as of the tygediuin the USA and marketed by the
Westinghouse Electric Corporation; however there walebate in the UK over the safety of

such reactors. Two particular issues were raised:

1. In the event of a major rupture of the primary aaoglcircuit, would the emergency
core-cooling water system (ECCS) be able to prevkat nuclear fuel elements

overheating, melting and releasing their fissiooopicts?

2. Could the pressure vessel, which contains the auclare fail catastrophically?

The Nuclear Health and Safety Executive Nucleataltaions Inspectorate (HSE NII) were
asked to investigate these concerns by the governmiéhe Marshall Report [21] states that
failures of such a structure can occur by two ddgtimechanisms; non-ductile failure and

ductile failure.

2.2.1.1Non-Ductile Fracture

The first of these mechanisms is termed non-dutfileture and used to describe mechanisms
in which plastic collapse through the section thiess does not occur before the structure

fails.



Pagel|l2

2.2.1.2Ductile Fracture

This second mechanism occurs when a section atietste is stressed to a level beyond the
ultimate stress of the material, thus the matesayielding plastically and permanently
deforming. The material begins to deform more amate, resulting in the load bearing area

being reduced further and eventually to the mdtbriaking.

Non-ductile fracture formed part of a research mogne, which is still in progress today.
The issues were raised by Sir Alan Cottrell, thentliGovernment Chief Scientist, and he
recognised that the likely failure of a pressurese¢ of the Westinghouse type of PWR was
“rapid fracture” or non-ductile. The term rapicadture implies failure extending from a
crack, which is smaller than the wall thicknesstlté vessel, and growing in an unstable
manner within the pressure vessel wall. This cagupin sections that are thick enough to
produce plain strain conditions, which is possiblighin the Westinghouse design. As a
result of this, the “leak-before-break” scenaricsadety feature of the vessel leaking before
catastrophic failure occurs, is not available. sTineans the critical size of defect e.g. another
flaw or crack, of sufficient size to propagate munstable manner, for a given wall thickness
of the pressure vessel must be determined, andtl@ochéound to allow detection by non-

destructive testing methods.

2.2.2Further Safety Concerns: The Loss of Coolant Accida
(LOCA)

Attention was paid to accidents which could pogsdacur during the operation of the RPV
and could question the integrity of the vessel.e Gach accident is LOCA-loss of coolant
accident, the most severe form is accompanied mture of the primary coolant pipe, such
that the pressure within the primary cooling systiis instantly to atmospheric and the
coolant temperature drops from 2@1 within the next 45 seconds. This sudden

depressurisation is accompanied by a sharp thegredient, which is of significant
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importance as the possibility of RPV material dasheg in temperature from the upper shelf
to a transition region temperature could allow d@oistable brittle fracture of a pre-existing
flaw; the driving process is thermal shock of thessel. Mechanisms of fracture become
more important because the reactor pressure viessgéing in service and the temperature at
which brittle fracture can occur increase with thereasing irradiation dose. A loss of
coolant incident has a more significant effect bgvang the core to become uncovered (i.e.

no heat removal from the fuel modules), thus legquiinpossible melt down of the reactor.

2.2.3Micromechanics of Irradiation Embrittlement

Research carried out into irradiated steels otype used for making reactor pressure vessels

has identified three main micromechanisms of imdn embrittlement [1, 9, 11, 22-31]

1. Precipitation damage through the formation of coppm precipitates, direct
evidence of copper-rich precipitates; leading te flormation of precipitates or
clusters, which are enhanced with Cu, Mn, Ni andHaive been obtained using
various microstructural techniques (transmissiorectebn microscopy (TEM),
scanning transmission electron microscopy and samgfle neutron scattering, etc.) [1,
4,5, 23, 32-36].

2. Formation of point defect clusters (cluster of vemas and interstitials) and
dislocation loops (due to fine scale of this matiiamage, the direct evidence is
hindered; the effect is inferred through changesi@cthanical properties). The effect
of matrix damage is reflected in an increase indtteermal part of lattice friction
stress component of yield stress [30, 37, 38].

3. Irradiation induced/ enhanced segregation of imipwiements (such as phosphorus)
to grain boundaries [5, 26, 27, 30, 39].

The first two mechanisms harden the material; foesethere is an increase in the vyield

strength, while the third mechanism decreasesrtwure strength. The last two effects are
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also a consequence of the first, meaning that imachated steel both phosphorus segregation
and copper precipitation occur at high temperatuaesund 508C, compared to the operating

temperature of a reactor pressure vessel. Therefoe increased concentration of vacancies
caused by high-energy neutrons increases the wiffusf copper and phosphorus and as a

result the phenomenon can occur at lower temp@&stur

Reactor pressure vessel (RPV) steels, operatitegrgierature 28C are exposed to low-dose
neutron irradiation which is known to result in ¢aning and embrittlement and which
contributes to the production of radiation damageects. Although there have been
numerous investigations, the matrix component ahatge has not been identified, it is
currently thought that it consists of sub-microsco@cancy-impurity complexes or impurity

stabilized microvoids.

2.2.4Radiation Damage Dislocations in Ferritic/ Martensiic

Steels

The type of steel being used in this study is a#f@dy irradiation at temperatures below
400°C as a consequence both hardening and embrittleanergffected. Irradiation damage
accumulation in steels is much slower than in sother metals and this damage takes the
form of defect clusters of interstitials, vacanciesd dislocation loops, which appear as small
black or white dots when using TEM, dependant u@nimageing conditions. Dislocation
loops or second phase particles are generallyegréaan 5nm in length, smaller dislocation
bzial
loops have Burgers vectors of 2 , for larger loops these have a Burgers vector of

b= <100>. These loops are interstitial in nature. Voidéobbles may be resolved at higher

doses, while vacancy clusters do not resolve atl@eses.
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2.2.5Interactions Between Dislocations and lrradiation-hduced

Defects

Dislocations move producing slip when sufficientezral force is applied to the material.

Within a bcc lattice, slip occurs in théel11> close-packed direction the corresponding

[3 )i

Burgers vector i 2 , this is a common direction in any of the follogiplane: (110),
(112) and (123). Slip has been found to occurld®), (112) and (113) planes in iron. While
the slip plane is generally (110), there are tHEH) type planes that intersect the [111]

direction. Within the body-centred cubic latticel]) planes are close-packed and intercept

% Jud

at random onto one of the (111) planes with a ngglolved shear stress. This phenomenon is

more atoms than any other. Screw dislocations Ritlgers vectors o may move

the source of a poorly defined slip plane in ird@][

Cottrell [41, 42] proposed a dislocation reactioraibcc lattice, which appears to lead to the
formation of immobile dislocations; this reactioashbeen shown to be a mechanism for
producing a crack nuclei that may lead to brittlecture. Shown in Fig. 2.8, dislocation A

Lij[ﬁ
with Burgers vecto 2 is moving on the plane (101), whilst intersectimt¢h B with

(3][111 _
a Burgers vector o 2 and gliding on an intersecting plane(]&l). The two
dislocations come together and react to lower th@nsenergy by providing a pure edge

dislocation which lays on the (001) plane.

a [+ 7 +a_0 =
?[1 11] > [111] = 2, [001] ..(21)
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The dislocation is immobile since the (001) plas@ot a close-packed slip plane in the bcc
lattice. The (001) plane is the cleavage planagishich brittle fracture occurs [40]. There
has been extensive research into dislocation ictieress, using various methods such as
atomistic modelling and in-situ TEM, this has mpdikeen carried out on fcc metals. This
research has concluded that screw dislocationsnare effective than edge dislocations at
removing defects; however the defect is not desttoppy the interaction with just one
dislocation. The stress required for a dislocattonbreak free from a defect can be
determined from its curvature prior to breaking gwa range of strengths may be presented
dependant on the obstacle’s interface/ interactitin the matrix, this is reflected by different
interactions geometries and interactions with déifé defect types. In contrast very few
studies have been carried out in ferritic materiadsich present more of a problem from an
experimental point of view (difficulty in observirfgrromagnetic materials using an electron
microscope) and theoretically (difficulty of devplng a reliable potential for atoms with
magnetic moments). However, TEM observations bygiNa [43] of movement of edge
dislocations through ultrafine obstacles (belietedbe small Cu precipitates) in a Fe-Cu

alloy, and made estimates of obstacle strength.

2.2.6Forces of Dislocations

A slip line forms when a dislocation moves wherré¢his a force acting on it (shear strejss
this moves the dislocation in the direction of Bargers vector, shown in Fig. 2.9. An
element of the dislocation line ds is moved indirection of slip normal to ds by an amount
dl [40]. The area swept by the element is dl @ke crystal is displaced by (ds dI/A)b, which
iIs a comparison of the amount about the slip ptafegive to the amount below, where A is
the area of the slip plane. Thus the work doné&byapplied force creating the applied stress

TA, when increment of slip occurs
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and

where F is the force per unit length of dislocatioe.

The dislocation line is perpendicular to the foarel it is constant at any point selected along
the line, if T is constant, then the Burgers vector is consthkumgaa curve dislocation line,
resulting in the force on a dislocation not necelysen the same direction at the applied

stress.

2.3Material Requirements

The environmental and operating conditions to whesdrctor pressure vessel (RPV) materials
are subjected to during the operational lifetime aery severe. The specification of the
material is such that it cannot fail by either decor plastic collapse mechanism, by a brittle
catastrophic failure mechanism. For this to baeadd standards for the material are set by
nuclear regulatory guidelines [33, 44] and desigdes (e.g. ASME Boiler and Pressure
Vessel Code) [45, 46] must be followed during tlesign and operation of the components.
Hence, within these guidelines fracture toughnessan essential material property and
therefore carefully considered in the selectiomaterial. It is not feasible to discuss design

codes without first defining the yield stress ane fracture toughness. The yield stress is the
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point at which a material stops behaving in antelasanner according to Hooke’s Law and
begins to deform plastically, i.e. it no longerureis to its originally shape. Fracture
toughness is simply a measure of the material’steexe to fracture in the presence of a
sharp pre-crack. This is explained and examinddrther detail in Chapter 3. For fracture to
occur under linear elastic conditions, which iseesiglly the brittle type of fracture, then the
stress intensity factor, K, of the material must arceed the fracture toughness values or
critical values, K. Kc corresponds to the stress at the crack tip netdeduse failure or
fracture on Mode | opening (pure tension) whilstdem plane strain (triaxial stress state)
conditions. As a consequence, the material forRR¥ needs to operate within defined
maximum and minimum levels for both operating terapges and pressures. These values
are defined by the design codes and guidelines A&SYIE codes) [45, 46], in order to avoid
either plastic collapse or rapid failure. Somedh# materials chosen for RPV are known as
A508 and A533B steel for plate and forging matsrigdhese alloys are chosen as they are
relatively low cost ferritic steels with yield anensile strengths not high enough to promote
catastrophic brittle failure but strong enough tpkstic collapse is avoided. The steel’s
chemical composition is closely controlled, keepiegels of certain elements low, such as
Ni, P and Cu, due to their embrittling effects dgrirradiation. Following neutron irradiation
exposure, possible mechanical changes are monitthealgh surveillance programs
throughout the operational life of the reactor pues vessel using Charpy impact test on

specimens removed from the base, weld and heattedfeones of the material.

2.4Cold Deformation

Irradiation embrittlement can be characterised by embritting mechanism (segregation of
impurity elements at grain boundaries) and two @airty mechanisms (matrix damage and
copper precipitation). Designing a simulation tme@nt that would produce similar

mechanical behaviour to that of irradiated matasdioth complex and difficult due to these

micromechanisms [13, 14].
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Groom and Knott [47] studied the effects of prastrey on transition temperature and
fracture stress shifts in mild steels, noting tpedstraining caused a slight increase in the
fracture stress, (increased yield stress due ti Wwardening overcomes the improvement in
fracture stress, thus the overall effect is an dase in the ductile-to-brittle transition
temperature (DBTT)). Following on from this Novovil13] applied a simple cold
deformation process, intended to achieve an inergagield stress and a reduction in work-
hardening rate, similar to those of irradiation eittlement, Fig. 2.10. Prestraining is
considered as a good approximation of matrix danthgmugh the formation of clusters of
vacancies, interstitials and dislocation loops. e Téffect of hardening due to copper
precipitation can also be achieved, even thougmieceomechanism of these two processes is
quite different, but the third of this irradiationicromechanism, irradiation-induced grain-
boundary segregation of impurity elements (pringaphosphorus) cannot be achieved by
prestraining. The main effect of segregationiesduction in the materials fracture stress with

no apparent alterations to the flow properties 158-

Novovic [13] used prestraining only as a first ardemulation of irradiation, where as in
previous work by Patrocinio [15] and this presemrkvthe MnMoNi steel weldment was
subjected to 5% cold deformation to simulate tHeot$ of neutron irradiation, an additional
step was introduced of static-strain ageing a@0€his temperature is close to the operating
temperature of a PWR [9, 27]. It should be notbds temperature does not induce the
segregation of phosphorous or copper precipitationng the ageing process of the weld
unirradiated steel. These micromechanisms tendctur at higher temperatures around
500°C.

Cold-working also has the important effect of shdtthe transition temperature of body-
centred cubic metals. Thus general effects ofliateon on the RPV weld metal can be
readily simulated through prestraining and ageragttnents. The advantage of this choice of
programme is that it allows unlimited samples ofded material that can be tested to infer
the effect of irradiation on the temperature depeicé of the materials toughness. The

interaction of dislocations with foreign atoms amdhdiation-induced defects has been
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discussed and several studies carried out [3, 30 &50]. Dislocation theory has been used
to give a qualitative picture of solid-solution daning (C and N mechanisms in irradiated
RPV steel) and explaining strain ageing mechanemasyield point behaviour. However the

neutron irradiation atmosphere causes point defasters to form (clusters of vacancies and

interstitials) as previously discussed.

Forming operations can have an influence on thesmadg responses and influenced by the
strain rate at which it is being deformed. Forctical purposes the rate of strain can be
considered to have little effect because for cabdkmg a change in strain of several orders of
magnitude would results in only a 20% increasdénflow curve. There is a well established
phenomenon known as the Bauschinger effect [40wBil¢h is common in polycrystalline

metals which have been deformed plastically, eotd-worked. It states that a lower stress
(obys) was needed to reverse the slip direction on taiceplane than to continue slip in the

original direction %), shown in Fig. 2.11.

2.50ther Embrittlement Mechanisms

Other embrittlement mechanisms are known to opénateadiated and unirradiated pressure
vessel steels due to the influence of interstigl@iments like C and N on the mechanical
properties of low alloy ferritic steel through stastrain ageing (SSA) and dynamic strain
ageing (DSA). The normal operating inlet tempenf the PWR is 28€, which is within

the temperature region where strain ageing occurglain carbon steels. Steel heated to
temperatures ranging from 230 and ZB&hows a decrease in notch-impact resistance and
tensile ductility, this temperature range is knoamblue brittleness and steels in this region
show a minimum in strain-rate sensitivity and maximrate of strain ageing. Research [30,
32, 52-63] has been carried out to understandpiesiomenon and the combined effect of
strain ageing and radiation damage due to neutnoloritlement on RPV materials, most

research has focused on dynamic strain agein@3g&5,
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Strain ageing is associated with yield-point pheeoam; the metal exhibits an increase in
strength as well as a decrease in ductility onihgatt relatively low temperatures preceding
cold working. Strain ageing is a fairly common pbmenon in body centred cubic metals.
Strain ageing also produces a low value of straie-sensitivity as well as increasing the
yield stress and seeing the appearance of thepoahd. This can be subdivided into dynamic
strain ageing (DSA) and static strain ageing (SSA).

Within the plastic zone ahead of the crack tipistegeing may occur. This can be static
strain ageing, as the material has already beestigdly deformed and then aged. It can also
have a dynamic component as ageing occurs wherpl#stic zone is exposed to creep
deformation. BCC metals are prone to strain ageingn interstitial atoms such as N and C,
are present in sufficient quantities. Strain ages caused by elastic interaction between
dislocations and interstitial atoms. BCC metald alioys can exhibit extreme sensitivity to

small additions of interstitial atoms. Solute asooollect around dislocations and pin them in
one place. In order to free the pinned dislocatnincrease in stress is required. This
increase in stress is greater than normally requmemove the dislocation due to having to

overcome increased pinning by solute atoms andttles increases with plastic strain. With
the continuation of plastic deformation the densitymobile dislocations increases. Also

there is an increase in interactions between salai®s and mobile dislocation.

Both static and dynamic strain ageing in steelsaaresult of interactions between dislocation
and interstitial solute atoms, predominantly nisoegand carbon. Low-carbon steels are
susceptible to strain ageing, this involves a gahdbange in certain properties over time (e.qg.
strength and hardness) after plastic straining.thBbe static and dynamic strain ageing
mechanisms affect the plastic deformation or waidbning behaviour, as well as increasing
yield stress and decreasing ductility. Ageingided by temperature; at room temperature
ageing occurs slowly, while changes occur moredigpat elevated temperatures, due to
increased diffusion rates. Strain ageing resulthe reappearance of the upper yield point
and yield point elongation in the samples. Chakrthy [54, 55] carried out a study into the

kinetics of strain ageing, the result of which segjgd that the strain ageing phenomenon is
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controlled by an interstitial in solution, probaligrogen. The microstructure did not appear
to have any influence on the changes in mechaproglerties observed due to strain ageing.
A study of ASTM A533B Class 1 type of steels whibhd received a post weld heat
treatment, and exposed to ageing temperatures ®ft@®50C was carried out. Charpy

impact testing indicated an increase in the dutbHbrittle transition temperature (DBTT);

this was dependent on the original material, thet treatment applied and the ageing time,
but had relatively little influence on the uppeellenergy, Fig. 2.12. It was also shown that
the primary cause of embrittlement upon ageing seaxgegation of phosphorus to the prior

austenite grain boundary over the ageing temperaange.

The dynamic strain ageing mechanism is rapid armcrscduring the straining process,
whereas static strain ageing occurs slowly. Stegieing is aided by elastic interactions
between interstitials and dislocations within steeksulting in strong dislocation pinning.
Dynamic strain ageing occurs when the magnitudetiin is such that interstitials can
diffuse and then pin mobile dislocations. Segregetioccur due to a rapid generation of new
dislocations and the stress increases, but onadisloeations are released the stress decreases
to sustain movement until interstitials diffuse ae@in these dislocations. Due to the rapid
generation of dislocations this leads to inhomogesealeformation. This is characterized by
serrated flow called Portevin-Le Chatelier effdeLC). This effect can be characterised by a
decrease in the toughness resistance and may atccaom temperature or on heating at 230
to 380C. The strain ageing phenomenon is related todiffasion of free carbons and
nitrogen atoms to dislocations during the ageirar@ss and these form new atmospheres of
interstitials anchoring the dislocations. Thesw m&erstitials are too small to be examined
by energy-dispersive X-ray (EDX) methods, so TENhigre suitable. It has been found that
the activation energy for the return of the yietdnp on ageing is similar to that for diffusion
of nitrogen and carbon in alpha iron [5, 54, 55, @.

It is widely accepted that this leads to discortiimi plastic flow in solution hardened alloys.
Yoon [66] noted that dynamic strain ageing occurgextain test temperatures and strain

rates; this combined condition revealed serrated flvithin the uniaxial stress-strain curve.



Page|23

Under these specific conditions an increase ohgtleand a decrease of ductility can be
easily detected. Fig. 2.13 shows the temperatifieeteon flow curves of A533B steel at a
constant rate, revealing the existence of dynantiains ageing. Other studies have
investigated the strain ageing process in low afkyitic steels, such as MnMoNi steels,
including A533B plate and A508B forging types, iashbeen reported that there is an
appreciable loss of fracture toughness of A533B RERé| at elevated temperatures, this is a

result of strain ageing.

Dynamic strain ageing occurs within metals contagniinterstitial solute atoms, (e.qg.
nitrogen). Such atoms interact with dislocationsyease work hardening rates, flow stress
and ultimate tensile strength (UTS). There is asoincrease in the ductile-to-brittle
transition (DBTT), ductility decreases in terms eddbngation, there are reductions in area,
fracture toughness, strain rate sensitivity coefficand upper shelf energy. Research into C-
Mn steels carried out by Kim and Wagner [61-63, 63} both observed that carbon and
nitrogen were the main interstitial species. Isvedso noted that the nitrogen content had a
greater influence than carbon on strain ageinghefrhaterial. The addition of interstitial
impurities, such as carbon and nitrogen, lead éoyteld-point phenomenon in ferritic steels.
In turn serrated stress-strain curves (dynamidrstrgeing, DSA) are observed. Sachdev [53]
studied DSA in various steels, concluding that hstfength low-alloy and dual phase steels
show a smaller decrease in uniform elongation ceetpto plain carbon steels. Researchers
also observed the critical temperature for the appee and disappearance of serrate flow
was dependant on the strain rate applied. Thedemtype and strain rate at which serration
occurs depends on the concentration of carbon drafjen. Kim [67-69] used SA508-Class
3 material and noted that there was a decreadeeirfrdacture toughness in the upper shelf
region. This was due to the interaction between darbon and nitrogen impurities with
dislocations being generated in the well-develop&stic zone ahead of the crack front.
Nitrogen is more important than carbon in the rolestrain ageing, because its of higher
solubility and diffusion coefficient as well as piecing less complete precipitation on slow
cooling. Nitrogen also associated with fine préaies, ~10nm or clustering located at
dislocations within the ferrite grains. This knownk between strain-ageing and nitrogen

suggests the particles are nitrides or carbongrideThese effect the Charpy-V impact
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transition temperature by %D. Both cold working and strain ageing will incseathe
transition temperature, although strain ageingaehgeeater influence and increases it by 20 to
35°C. Patel [70] investigated the fracture behaviofirA533B using Charpy specimens
across a range of temperatures and deformatiosa wsieg three-point bend tests, Fig. 2.14
shows the effect of dynamic strain ageing, resglim large “raises and falls” in fracture

energy at the upper shelf.

Little [32] at AERE (UK) researched strain ageirggnbined with the effects of temperature
(277°C) neutron irradiationB x 16 neutrons/rf) on the properties measured using Charpy
impact values on commercial RPV steels (of the #%p83B). It was observed that neutron
irradiation suppressed ductile-to-brittle trangitghifts associated with nitrogen strain ageing,
demonstrating that the effects of radiation neetdtade cumulative. Similar conclusions
were reached by Murty, Little and Harries and Jamgl Murty [30, 34, 48, 49]. At
temperatures below 38D the effects of the interstitial elements are dwnt, being
dependant on deformation conditions, (e.g. loadind strain rate). These forces can be
significant during pressurised thermal shock, asrattions of impurities such as copper
become important at operating conditions for thectar. Little [49] also investigated the
radiation hardening processes that occur in phasghand copper doped A533B alloys.
Using small angle neutron scattering technique (SANhe presence of copper was found
and gave rise to the creation of scattering certfigsn in diameter, the volume increasing
with increased levels of copper, with the additioh nickel further enhancing these
precipitates. Chakravarthy [55] researched dynatnain ageing in A203D steel, noting that
the DSA led to serrate stress-strain curves foh Inoartensite and ferrite-pearlite structures,
both the characteristics and activation energyHeronset of serrations were identical in both
microstructures. It was also commented on thatni@ostructure has negligible effect on
DSA when the effect of irradiation is taken int@aent, thus control of the chemistry may be
the only way to reduce the effects of DSA on themamical properties and behaviour.
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2.5.1Interactions Between Solute Atoms and Dislocations

Interstitial solid solutions commonly comprise bételements carbon and nitrogen, although
interstitials containing one or more of oxygenyagen and boron are known to exist. These
interstitials are also commonly associated with foemation of yield-point, thus it is
important to discuss the interaction between satiens and dislocations. Solute atoms can
interact with dislocation via the following mechamis [40]; modulus interaction; elastic
interaction; short-range order interaction and lstar faults interaction. A modulus
interaction occurs if a solute atom locally changles modulus of the crystal. Elastic
interaction between solute atoms and dislocatiorse drom the mutual inaction of elastic
stress fields surrounding the core edge of theochgion and misfitting solute atoms.
Stacking-fault interactions happen because solits preferentially segregate to stacking
faults contained in extended dislocations. Shamgge order interactions arise because the
solute atoms tend to arrange themselves so thathidnee more than the equilibrium number

of dissimilar neighbours.

2.6Carbon-Manganese Welds

2.6.1Fusion Welding

The history of joining metals stretches back owaresal thousands of years. Some of the
earliest examples come from the Bronze Age andsiaal gold circular boxes which were
made by pressure welding lap joints together. disvduring the Middle Ages that the
Egyptians learnt to weld pieces of iron togethel][7It was throughout this time the art of
blacksmithing was developed in the west and mamstof iron were produced which were
welded together by hammering the joints togethefotsn a bond and this is considered a
solid-phase process. Forge and hammer weldingused on a limited scale up until the
1930’s for the manufacture or aluminium and stemdsels from plate up until the 1930’s,

however this process was costly and required glekht
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To overcome this problem, fusion welding was applie which a heat source intense enough
to melt the edges of the material is traversedcalbe joint. At the end of the $%entury
intense heat sources became available on an iredustale, where arc welding, gas welding
and resistance processes all made their appedrétjcelThe most important fusion process is
arc welding with a fusible electrode, which is angbex process and consequently slower to
develop than the relatively simple gas welding pesc Initially, the end results of welding
were very brittle due to high nitrogen content. dwoid this embrittlement mechanism
electrodes were wrapped with different substaneesh as paper or asbestos, more recently,
however, with the development of modern arc weld#ectrodes, these are coated with a
mixture of ferro-alloys, minerals and in some cam@mnic materials, bonded with sodium or

potassium silicate.

In modern times the use of fusion welding has iaseel rapidly and is widely used for many
applications from ship building, petroleum, cherhiaad steam power plants, e.g. reactor
pressure vessels, as well as for bonding of straictsteel work. Welding has become
widespread and replaced riveting for the majorityfabrication processes [71, 72]. As a
consequence there is an incentive to develop allelgstrodes, and other consumers, that
retain desirable characteristics and are also Iseadildable. Examples of alloys that have
been developed for improved weldability are lowowlkteel, titanium-stabilised austenitic
stainless steel and phosphorous-deoxidised coppeiding has come to influence not only

fabrication but metals technology as a whole.

2.6.2Submerged Arc Welding (SAW)

Submerged arc welding (SAW) is the fusion weldinggess used to produce the weld metal
samples investigated in this thesis and therefolldoes described in some detail. The SAW
process is based on an arc formed between a bereelgctrode that is continuously fed onto

parent plate material. The filler wire is meltedfill the joint gap between the two edges or
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surfaces. The arc, electrode end and the moltehgperate under a layer of granulated flux
and they are termed “submerged” Fig. 2.15. Thetmde is constantly shielded by a layer of
molten flux which is a layer on un-fused flux irgeanular state, therefore there is no visible
evidence of current between the electrode and tivkpiece during the welding process, and
as a consequence the weld is produced with nontheolsparks, spatter, smoke or flash
commonly observed in other welding processes. SA® process is commonly used for
fusion welding joints of carbon, low-alloy and highoy steels and copper alloys. The filler
wire in the SAW process is fed from a reel andeafae can be used for automatic welding of
large structures that need a continuous welded mich as pressure vessels, boilers and
horizontal joints in storage tanks. However, ilinsited as the flux is fed from a hopper that

relies on gravity and therefore can not be useteid vertical structures [14].

Some of the granulated flux melts under the heahefarc, adding alloying elements to the
weld pool. Slag forms as a layer that protectsvieéd from contamination and oxidation
from the atmosphere. A flux is fed from a containdich is attached to the welding head
through the front of the arc. The electrode isifed the arc by a servo-controlled motor, this
matches the speed of the electrode feed to thedsaeevhich the electrode is melting,
meaning that the arc is kept at a constant lerglibyvn in Fig. 2.15. During the submerged-
arc welding process, the flux completely covers #ne and this covering increases the
thermal efficiency of the welding to approximat&9% compared to conventional manual
metal arc welding which is about 25% efficient. b8ierged-arc welding can use both Direct
Current (DC) and Alternating Current (AC) as a poweurce, Fig. 2.16 shows the SAW
process using AC or DC current. The output voltege range from 3-35V and the electrode
wire generally acts as the anode. Depending orldetrode wire diameter, the current can
be varied from 200-1600A, although in practice erent of 600-900A is used [71]. For DC
operation, the electrode is normally connectedhto fdositive terminal. Electrode negative
(DCEN) polarity can be applied to increase the dditdeposition, though with this technique
the penetration depth is reduced by 20-25% [71CEN is applied to surface applications,
where the dilution of the parent metal is importamirect Current has a constant voltage
output, which produces a self-regulating arc. A@wer sources have a constant current

output, therefore they are not self-regulating.e Hnc must be controlled by sensing the arc
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voltage and using a signal to control the speethefwire feed. The SAW process can be
applied by two techniques; manual and mechanisBde to the high rate of deposition,
mechanised submerged-arc welding is generally eghjoi most cases. A number of methods
are used to move the welding head at a controbegd along the length of the weld line,
these include; an electrically-driven tractor umitmotorised drive that transverse along the
horizontal beam and a hand operated trolley. énctise of circumferential joints, the welding

head is fixed and the work piece is rotated benath

Submerged-arc welding uses relatively high weldingents. Hence, there are high rates of
deposition and therefore high productivity can béamed. SAW is versatile and especially
appropriate for longitudinal and circumferential lehed joints. There are virtually no
restrictions to the thickness of materials thatam be applied to as multi-passes can be used.
Another advantage with the SAW process is thatait be applied to the most materials
including; C-Mn steels, low-alloy steels and stasd steels, with typical applications in

pressure vessels, ships, bridges and large stesciud, 74].

Generally, a single wire is used for the SAW pracies either DC or AC current. Twin or
triple wire variants can be applied to increasedégosition rate of weld metal and/ or travel
speeds. There is a large variety of wire with wragycompositions and a range in diameters
from 0.8-6 mm. The wire electrode tends to be eomoated: this ensures a good electrical
contact between the work piece and the power sduide Fig. 2.17 shows the larger the
wire diameter and the higher the welding currerdrenweld metal that can be deposited. The
main role of the flux in the SAW process is to paitthe weld pool and the arc from the
atmosphere. It also cleans the surface of the aodican influence the surface profile of the
weld. Fluxes used in the SAW process are madefugramular minerals, which contain
oxides of manganese, titanium, calcium, silicon ahgminium. The fluxes are in two
classifications, according to the manufacturingcpss, agglomerated (bonded) and fused.
Agglomerated fluxes are manufactured by bondingdhed ingredients with low-melting
components, for example sodium silicate. Fuserefluare manufactured by mixing and

melting the ingredients, then casting them to f@ohd glassy particles. These are then
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ground to the required particle size [75]. Fusktkds produce a stable arc and easily
removable slag, whereas agglomerated flues proshacewhich is difficult to remove, and
the welded surface is not as smooth as it is witled fluxes. Agglomerated fluxes are both
alloying and deoxidising. The constituents are aidécted in the melting process, as this
generally takes place at lower temperature. Félsgds formed at higher temperatures have
difficulty in retaining the deoxidising and alloygrelements [71].

The choice of welding parameters, such as curhedt, input, travel speed, pre and post-heat
inputs along with flux and filler wire will all affct the weld pool solidification. This in turn
will affect the weld geometry, the weld microsturg, the size of the weld beads, the number
of passes necessary to fulfil the joint gap andlfynthe heat affected zone (HAZ) of the
weld. The HAZ is the region surrounding the wetsblpwhose temperature is not sufficient
to cause melting; however some solid state tramsftions may occur, such as, precipitate

dissolution; coarsening grain growth; and alphgamma ¢—y) phase transformation.

2.6.3Effects of welding process variables on C-Mn metal

microstructures.

Weld metal microstructure is primarily controlleg tovo factors; the weld metal composition
and cooling rate. The heat input controls the iogorate and the rate weld pool heat
liberation which is a function of base plate thieks, extent of preheat and weld joint

geometry. Other influencing factors are intergassperature, flux and heat input rate [75].

2.6.3.1Heat Input Rate

One of the most important variables in fusion wadgdis the heat input rate, as this influences
cooling rates, heating rates and weld pool size. aAjeneral rule, the higher the heat input

rate the slower the cooling rate and larger welol.pdt also controls the grain size in the AD
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and the HAZ of the weld metal. Previous reseaith [/3, 74] has shown that there is an
inverse relationship between the cooling rate &edsize of weld pool. This is an important
relationship in the welding of steel since increasmoling rates increases the risk of

hydrogen-induced cracking [76].

Previous research has shown that a high inputpratesess like SAW has less HAZ cracking
in the welding of alloy steel, than manual metal aelding, where the heat inputs are lower
(n.b. there might be other variables that contaliotthe difference in behaviour). As a result
this leads to coarsening of the prior austenitairgsize and also a general coarsening of the
as-deposited (AD) microstructure of the weld [18], as well as a decrease in the degree of
acicularity was observed. Slower cooling ratesdpoe a decrease in such constituents as
acicular ferrite as well as an increase in the mauracture of the allotriomorphic ferrite at
the expense of the acicular ferrite. Acicularitervolume fraction might be improved by an
increase in the inclusion population density. Thassa result the weld pool remains molten
for longer allowing manganese and silicon (key titunents for the formation of inclusions)
to evaporate and allowing formed inclusions tousiff into the slag. Also the way in which
the heat input is introduced is important, if itnsreased by raising the arc current, the width/
depth ratio of the weld pool decreases, thus gi@rghorter cooling time, even though the

heat input is increasing.

2.6.3.2Flux

Flux is a coarse granular powder, made of minethls, is dispensed onto the workpiece
immediately ahead of the arc; the main role offttee in the SAW process is to protect the
weld pool and the arc from the atmosphere. As a&ltleaning the surface of the weld pool
it can also influence the surface profile of theldve The granular flux can be chemically
basic, natural or acid. Fluxes generally basicHlyinto two classifications, according to

how they manufactured by bonding the dried ingnedievith low-melting components, for

example MnO with Si€) or CaO with Si®[72]. Fused fluxes are manufactured by mixing

and melting the ingredients, then casting thenotmfsolid glassy particles, and then ground
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to the required practicle size. Fused fluxes pceda stage arc and easily removable slag
layer, whereas agglomerated fluxes produce slaghwé difficult to remove, and the welded
surface is not as smooth, as it is with fused ffuxAgglomerated fluxes are both alloying and
deoxidising, the constituents are not affectednhim inelting process, as this generally takes
place at lower temperature. Fused fluxes formedigiier temperatures have difficulty in
retaining the deoxidising and alloying elements.

As the flux melts around the arc it forms a poodhiak solidifies and reforms periodically,

dependant on the movement of the welding torch.taMeay be transferred directly across
the slag cavity so formed or occasionally aroune #uge of molten flux. The gases
generated during the SAW process by vaporisatiaghciwemical reaction at the electrode tip
are also protective along with the flux, of the tanlmetal. The slag which is formed during
the welding process protects the weld from the aphere and in particular from the
absorption of moisture. Other compounds addedniallsquantities control the viscosity and

help the flow of liquid filler metal into the welabol.

2.6.3.3Interpass Temperature

Whilst keeping other welding parameters constamtinarease in the interpass temperature
will reduce the cooling rate. Evans [77] obsertied following effects of increasing the

interpass temperature; slight reduction in the amai manganese and silicon; increased
width of the recrystallised zones; coarsening ef AD weld metal region and a reduction of

the volume fraction of the acicular ferrite phase.

2.6.3.4Postweld Heat Treatment (PWHT)

Postweld heat treatment (PWHT) within the subailti@nge has the influence of reducing

both the hardness and strength of an alloy-stedd wkeposit. In thickness over
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approximately 30 mm, PWHT increases both the dtyctind the fracture toughness of the
welded joint, as a whole. It has been noted, mesgases, for Charpy impact and crack tip
opening displacement (CTOD) values for the weldatseincrease by PWHT, although there
are certain circumstances were they might be retud@® accurately determine the effect of
PWHT, welding procedure testpieces must be sulgeictehe same thermal conditioning as

that used in production.

2.6.4Non-Metallic Inclusion Formation

Inclusion formation is the first development to vicon cooling of the liquid weld metal, this
development will affect the final microstructure thie weld metal. Inclusions commonly
arise from two sources: by entrapment of weldinggs(exogenous); or by indigenous
inclusions as a result of oxidation reactions (esidor solid state precipitation reactions
(carbides, nitrides and sulphides) Fig. 2.18. @sidormally begin to form at around 2626
(2300K) while the weld pool is still molten. Oxg&lewill influence the final weld
microstructure in terms of their composition, sigpatial distribution and volume fraction, as
well as influence other phases such as aciculaitefemhich is known to be nucleate by
inclusions. The former group is usually obsenethé¢ heterogeneous in nature, with respect
to shape (angular or spherical), chemistry (muégeh particles) and crystallographic
properties resulting from the complex alloying syss that are involved, with the exception
of C-Mn and low-alloy steel welds, as the oxidelus®ns are predominately spherical,
glassy, and manganese silicates, a survey of impoweld metal inclusion characteristics is
shown in Table 2.1 [78, 79].

Inclusion formation comprises of various distintdges such as nucleation, coarsening and
coalescence (as well as elimination from the weldlag). Diffusion-controlled deoxidation
is a characteristic of arc welding and completénimita fraction of a second in small volume,
in which temperature gradients in the order of £0®0m* [80] with cooling rates for
1000°Cs?, for nuclei in the order of Itm® or higher. In the weld pool the main source of

oxygen is caused by the flux, the weld pool alsat@ios reduced oxides like silica, iron oxide
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and manganese oxide. Oxygen in the weld pool neayemoved by deoxidizing elements
through chemical reactions, thus inclusions arenéat. In low-alloy steel weld metals,
oxygen combines with various trace elements to fsiable oxides in the order: %&°, Ti°O,
Si®%, MnO, TiN and MnS, Fig. 2.19, as proposed by Ba#lad Pargeter [81], although work
by Hseith [82] has suggested the exact sequendepisndent on the weld composition. The
growth of the inclusion is influence by this seqeeof stability and thus inclusions are found
to have a core and a layered structure, Fig. 2tlas been observed in most weld metal
inclusions that the core of the inclusions is aidexsuch as AD® and or TiO. The outer
layer has acted as a nucleation point for microstne formation around the inclusion,
generally this is TiIN and/ MnS. TiO is considetbd most important for the nucleation of
acicular ferrite. However, it should be noted ttia free energy for formation of oxides
depends on concentrations of deoxidising elementd @xygen, also the sequence of

oxidation is different for welding conditions anifferent chemistry [83].

Oxidation reactions rapidly proceed by growth otleularger than the critical size. The
growth of these nuclei occurs by diffusion of tleéewant reactants in the melt, and it can also
by enhanced by collision and coalescence of inghssi Coalescence is considered to be
important for small nano-sized inclusions as thecess takes place in a fraction of a second.
Deoxidation products are trapped in the weld mieyalhe advancing solid and form what is
termed as the oxide population. However not al elxides formed are trapped inside the
solid as the liquid cools, as some inclusions diessare lower than that of liquid iron. Work
by Sudgen and Bhadshia [84] showed that inclustwasnot randomly distributed but larger
inclusions caught in the growing of the solid-liquinterface and pushed along by the
“Margangani effect” (repulsive effect of interfaci@nsion between the inclusion interface
and the liquid). Hence large inclusions are commereferentially distributed on the grain
boundaries ob ferrite, which is often the first phase to fornt. should be emphasised that
inclusions are not aligned with prior austeniteigtaoundaries [85]. Smaller inclusions are
relatively unaffected by the solid interface andtdiee trapped within the delta grains.
Research by Nakonishi [86] showed that a redudtiothe average inclusion size and the

number of large inclusions influenced the Charpgtmess at low temperatures.
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2.6.5Weld Pool Solidification

Solidification behaviour of the weld pool distincttliffers from that of ingot solidification
due to the presence of partially melted base mgtains at the fusion boundary.
Heterogeneous nucleation of new grains occurs amalgginto the weld pool, in the direction
of maximum thermal gradient (the heat flow direajio This process is known as epitaxial
solidification and shown in Fig. 2.20. Davis andri@nd [87] summarized a number of basic

differences:

 Weld solidification is orders of magnitude greatdran that found in ingot
solidification, thus leading to steep thermal gead$ within the weld pool;

* in weld-metals the microscopic shape of the liqdlid interface remains constant
over large portions of the weld length, whilst cas are progressive within an ingot;

* to initiate weld pool solidification no nucleatioavent is necessary, since the
solidification interface is already present;

» electromagnetic stirring by an electric arc anddharacteristics of the fusion welding
process causes greater motion of the molten metiainvwhe weld pool, compared to

the molten metal experienced within a solidifyingat.

Grain growth is of a cellular nature producing eohar grains which are similar in size to the
base material from which they are originating. . A@1 shows cellular substructure which is
characteristic of columnar grains [88, 89]. Durthg welding procedure dilution of the base
material is inevitable. The initial size of the ld/l€olumnar grains is directly related to the
grain growth zone adjacent to the fusion boundatereas the solidification microstructure
depends on the grain coarsening behaviour of tise baaterial. In high energy welding
process such as submerged arc welding and gadeshieVelding, this is considered a
problem as grain growth from the base materiallwawconsiderable, thus columnar grains at
the fusion boundary may be correspondingly coa89¢ [In practice though these problems
can be overcome and eliminated by additions ofutats from the filler wire, which helps to
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assist the refinement of columnar grain structbreugh the heterogeneous nucleation of new

(equiaxed) grains ahead of the advancing intelffa8

Within metals these grains have preferred direstioh growth, known as “easy growth
directions”. In cubic metals these are in the <1@0ection [13, 14]. This is believed to be
the preferential growth direction as it is the tedese packed alloy and therefore has a faster
growing rate than in other directions (close pagkrding the crystallization process from the
random atomic arrangement in the liquid. The sp#fedelding and the shape of the weld
pool also influence the shape and size of the coturgrains. Faster welding leads to a tear
shaped weld pool, with maximum thermal gradierdtre¢ly invariant from the fusion line to
the centreline of the bead, and consequently aréift columnar grain morphology, Fig. 2.22.

Weld pool geometry can be characterised by dimefess operating parameter; n

n, = Qv
ae(Ho—Ho) (2.0
where @ is the arc power;
v is welding speed;
a Is thermal diffusivity of base plate

(Hm-Ho) is heat content per unit volume at melting point.

However it should be pointed out that thermal proee of the base material (e.g. a ang{(H
Ho)) are important when defining the weld pool shaps.a result tear-shaped weld pools are
normally observed in weldments with a low thermahductivity (e.g. austenitic stainless
steel), whereas spherical or elliptical weld paolmore likely to form during aluminium

welding, because of the base material having aghititermal conductivity. The weld pool is
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also affected by convectional heat transfer dughto presence of buoyancy, surface or

electromagnetic tension gradient forces [78].

Weld microstructures are affected by the initidldsbcation phase rather that austeniteser

ferrite for the two following reasons [13]:

austenite and-ferrite has different solute partition coefficisnt Also the diffusivity
of element-ferrite is greater than that of austenite. Diifitg of the solute in the
solid decreases, redistribution becomes more cestlri thus increasing the degree of
segregation [90, 91].

non-metallic inclusions tend to segregate to gpmundaries of the phase which is the
first to solidify [84]. If 6-ferrite is the first, the inclusions will, aftehd 6—y
transformation be found ingrains where they contribute to acicular ferraeniation.

If austenite is the primary solidification phaséere would be a non-uniform
distribution of large inclusions at the austeniteaiy boundaries (e.g. in
allotriomorphic ferrite after the—a transformation), thus reducing the amount of
beneficial acicular ferrite phases, also servingaapotential site for initiation of
cleavage [13, 14, 28, 29].

2.6.6 Transformations and Microstructural Development

Carbon and low alloy steels transform to austeaitea temperature not far from the

solidification point and finally to ferrite regaeiis of the first phase to form within the

microstructure. The equilibrium structure of ircarbon alloys is shown in Fig. 2.23(a) and
Fig. 2.23(b) shows a detailed region of the FegcFgystem [92]. Steel is austenitic when the

temperature falls within the region ¢f Under slow cooling the austenite phase starts to

transform when the temperature falls to a pointr@nlower boundary of this region relating

to the amount of carbon in the steel-the uppeicatitemperature. Ferrite containing ba small
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amount of carbon in solid solution is precipitatéeglaving austenite grains that become
smaller and are progressively enriched in carbahesemperature falls. At 743, the lower
critical temperature, residual austenite, contgrapproximately 0.8% carbon transforms in
pearlite-a laminated eutectoid mixture consistifidath ferrite and cementite (§&). The
structure is obtained by slow cooling and consddtantermingled grains of ferrite and
pearlite. Cementite can decompose to iron andhgeaff held for long periods at elevated
temperatures. The Fedtphase diagram is shown in Fig. 2.23a is considaretastable
[71].

The temperature is depressed upon rapid cooliigatfects they to a change, and when this
takes place. The distance carbon atoms can diffsiseeduced as the transformation
temperature falls; there is a tendency to formcstmes involving progressively shorter
movements of the atoms. However on slow coolindbaa segregates into individual
austenite grains, with further rapid cooling cadsighrecipitate within and around ferrite, now
with the appearance of fine needles or plates raflaa just equiaxed grains. This structure is
known as bainite, Fig. 2.24 [93]. Upon further andre rapid cooling, the temperature is
further depressed and martensite is formed. Msiteens a product produced by shear
movement of the austenite lattice; carbon is rethim solid solution in a distorted body-
centred lattice. In general this transformatiooduct is more hard and more brittle the lower
the transformation temperature, and the higherctrbon content, especially in the case of
martensite [71].

As previously discussed, as the shear rate desdhsecooling rate in the fusion welding
increases thus the speed of welding also increates higher for multi-pass welding in
thicker plate than for single pass welding in tpiate, with other parameters being equal, it is
reduced by increasing the preheat temperature.wEke metal and the associated HAZ form

under continuous cooling conditions.
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Continuous cooling transformation (CCT) diagrams ¢t® used to analyse the effect of
cooling rates of microstructure on steel weld deéposCCT diagrams for weld metals have
been presented by several authors, with an inclieaseoling rates leading to a progressive
decrease in the transformation-start temperatufs. a consequence products forming at
higher temperatures will be suppressed for thosenify at a lower temperature.
Experimental CCT diagrams were determined by l# @5] for welds at different oxygen
contents, showing a shift to the left for highelygan content. It was also noted that the
temperature at which ferrite forms was higher fdnigh oxygen weld content, this would
increase the difference between the start tempesatar acicular and allotriomorphic ferrite,
allowing more time for the growth of allotriomorghierrite and thus increasing the volume
fraction of the weld. The apparent decrease iddraability with increased oxygen content is
explained with respect to the-a transition temperature. Although Farrar and Wat{S86]
offered an alternative solution for the decreasthenhardenability with increased oxygen, it
was suggested that oxygen combines with alloyieghehts present within the weld to form
inclusions, and this depletes the weld of alloyalgments, e.g. manganese and silicon and

these reduce the weld hardenability.

An example of a continuous cooling transformatieagchm, CCT, is shown in Fig. 2.25.

Increasing the cooling rate leads to a decreaskeinransformation-start temperature. As a
result these products, which form at a higher teatpee (such as allotriomorphic or primary
ferrite) will be surpassed while those that formadbwer temperature (such as bainite and
martensite) will be promoted. However other feaesurthat can be observed in the

microstructure of a weld are discussed below [97].
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2.6.7Weld Microstructures and Nomenclature and Developmet

2.6.7.16-Ferrite to Austenite Transformation

During solidification low-alloy steels undergo numes multi-phase transformations and
subsequent cooling. Dependant on the cooling car®on or substitutional alloy content, the

primary solidification product will be either austte,y, delta ferritey or a mixture of both.

Delta ferrite will be the first phase to form whatow-alloy steel weld metal is cooled slowly
to below the crystallisation temperature [85]. prviously discussed in Chapter 2.6.3.4
delta ferrite grains reveal a anisotropic colunmarphology, with major axis in the direction
of the steepest temperature gradient within thedvpelol, generally with large inclusions
delineating the grain boundaries [85]. As showrFig. 2.26, cooling below the peritectic
temperature, austenite nucleates epitaxially atptiveary delta ferrite grain boundaries, as
these sites provide the lowest energy barrier fetetogeneous nucleation. At elevated
temperatures, once nucleatedrains grow quickly by diffusion of carbon intcetlaustenite,
and this has been well documented feWidmanstatten sideplates growth within duplex
stainless steels, Fig. 2.27. If we consider thengny precipitation ofé ferrite, austenite
cannot grow across primary delta ferrite solidifica boundaries, because austenite is bound
by an orientation relationship with delta ferrikgég. 2.28 and Fig. 2.29 [87-89, 98-102].

Nevertheless, in certain low-alloy steel weld mgtalustenite grain boundaries will cross the
original delta ferrite solidification boundaries eddo the shift in the mechanism of the

peritectic transformation, shown in Fig. 2.26 amgl 2.30 it can be seen there is no matching
between the two types of boundaries in this cage§8, 89, 103-105]. It was observed that
the shift in mechanisms of peritectic transformatan be linked to heterogeneous nucleation
of austenite at inclusions (e.g.’8F), this is more energetically favourable than natite at

& /6 grain boundaries [78], it can be suggested theetis more than one nucleation event pre
o-ferrite grain size and the nucleation rate is highhas also been shown that the columnar

structure ofy grain boundaries do not match with the origigdérrite boundaries [106]. It
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can be seen under these conditions that the aigstemot bound by orientation with the delta
ferrite and can grow freely across the originatalérrite columnar grain boundaries shown
in Fig. 2.31, therefore austenite grains will adaptmorphology different from columnar
grains [105, 107].

2.6.7.2Austenite Decomposition

Microstructural changes take place during the vwgdprocess, both within the fusion
boundary region and the HAZ, in turn this affed¢te mmechanical integrity of the weldment.
Microstructural solid state transformations of kteeld deposits are characterised by the
volume fraction of non-metallic inclusions, whicleaconsiderably higher than those in
normal cast steel products and strong non-isothdoualised behaviour. For instance in the
HAZ, carbides and nitrides coarsen and dissolvewtir occurs to an extent that depends on
the distance from the fusion boundary and the axgogime defined in the welding
procedure. Hence, this may have a significantcaffe the subsequent microstructure and
properties of the weld region by the CCT curve bedisplaced by longer times, thereby
producing more Widmanstatten ferrite, or increashregpossibility of martensitic and bainitic
transformations on cooling [71, 73, 74]. As a aapgence of these by-products the toughness
of the weld may be reduced and there may also beaased risk of hydrogen cracking
[71].

Upon final solidification, the microstructure ofethveld alloys usually consists of columnar
delta ferrite grains with larger inclusions deliieg the gain boundaries. This is occurring at
approximately 150, as cooling continues to 130D the delta ferrite transforms into
austenite, otherwise known aslelta ferrite. It has been shown that piagrain boundaries
did not correspond with the new formedjrain boundaries as a result of this transformatio
also more than onggrain could nucleate per delta ferrite grain. Iéwing nucleation rapid
grain growth by diffusion along the prior delta igrdboundaries occurs until the whole
microstructure ig grains. Austenite goes through further decomjmosds a result of further
cooling, starting at ~1000-7%D Fig. 2.28 and 2.29.
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As the transformation between austenite to feroiteurs, there are a large number of
microstructures that can develop, by a mixture sbldcive and diffusion mechanisms,
shown in Fig. 2.28. These depending on the weddnital composition and the cooling rate
of the steel weld. The microstructure normallyniorg within a single austenite grain after
transformation will be a complex mixture of two orore of the following, arranged in

decreasing transformation temperatures [78]:

I.  Grain boundary (allotriomorphic) ferrite);
. Polygonal (equiaxed) ferrite (PF);
lll.  Widmanstatten ferriteu(y);
IV.  Acicular ferrite ¢ic);
V.  Upper bainite ¢uy);
VI.  Lower bainite p);
VII. Martensite ¢');
VIll.  M-A-C Martensite-austenite-carbide microphasesimeth on cooling from they

phase.

Grain boundary is the first phase to form during decompositiornthed austenite. Various
authors have reported different temperatures ranfiom 1000-608C for the start of this
reaction, the reason for this discrepancy coulthkeeffect of composition of the weld metal,
e.g., alloying elements such as manganese, whittHomier the temperature at which the
transition takes places, as this is an austendBilisier. Grain boundary nucleates and
grows along the prioy grain boundaries via a reconstructive diffusigmacess (iron atoms
diffuse to minimise lattice strain) [108]. Growih occurring by the progression of planar
incoherenty/a interface. Growth o, continues until all the grain boundaries are coresll
and growth perpendicular to the grain boundary nomesur. Due to the diffusion of iron
atoms as well as carbon, the mechanism gfowth, as a result of undercooling becomes
kinetically unfavourable. At temperatures belowD@FC the diffusion of iron becomes
slow and Widmanstatten ferriten{) begins to grow, the morphology of this is of piata
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plates which have nucleated on either the prigrain boundaries or on theg, ferrite. These
plates have grown via a displacive process whemsloyatoms no longer diffuse [109, 110].
The wedge shaped plate allow for a more efficieathmd for carbon rejection into austenite
retained between the plates due to multi-directidifusion compared to the planar diffusion
of agi. The side plate edge consists of small low endegges with a Kudjimov-Sachs

orientation relationship [111]:

Vel ace{ii0fandye (L1O) /@ (111) )

Carbon is rejected at the interfaceodf and leads to regions enrichedyophase, these can
be retained at room temperature forming a M-A-C stituent or it can be partially
transformed to martensite. Eventually undercoolimguch thatoy becomes kinetically
unfavourable and the remaining austenite phaseaissformed into the acicular ferrite,
bainite, or in extreme cases of undercooling; nmaite. Research is still being carried out
into the formation of acicular ferrite, and argurtseremain over the formation and exact
nature of this phase [112]. There is however gdnagreement that it is a fine form of
Widmanstatten ferrite or a form of bainite, it i@ agreed that in both cases it forms
intergranularly on inclusions. The morphologiesbainite and acicular ferrite and similar
occur via a displacive reaction with carbon diftusias is the case withy whilst martensite

is purely a displacive transformation, aw anda’ form at a rapid rate, such that the final
transformation occurs in less than a second. Tdwerdhey are thought of as isothermal
transformations, Fig. 2.27 [111]. Acicular ferrie associated with the optimum welding
mechanical properties [71, 79, 113], both in teahstrength and toughness, this is a result of
the “basket-weave” morphology, characterised byhhilgslocation density and very small
laths. Numerous studies [78, 103, 114-121] hawnlmarried out in recent years, in low-
alloy steel welds metals the acicular ferrite tfamsation is still subject to considerable
controversy. It is widely accepted however thatcwaar ferrite is a very fine form of
Widmanstatten ferrite or a form of bainite. Italkso well established that acicular ferrite
nucleates in the transformation temperature ramgwden Widménstatten and lower bainite.
The bainite and acicular ferrite morphologies aegyvsimilar and occur via a displacive
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mechanism with carbon diffusion as for Widmanstafté8, 122]. Several researchers [111,
114, 123-125] have suggested that the growth ofuan ferrite happens by pure shear

transformation or a ledge mechanism similar to ujyaénite in steel.

Microstructure quantification in steel welds is mosmmonly carried out by using an optical
microscope. Numerous systems [71] have been imtextl for the classification of the
various constituents of the microstructure; eacthefsystems reflects the investigators views
and discretion in relations to the mechanisms ahdformations rather than just the
morphologies [13]. Abson and Dolby [121, 126] arally proposed a scheme for the
classification and quantification of the weld mistruicture, based on this the International
Institute of Welding (1IW) [104] have developed delines to aid this process. The IIW
scheme involves a simplified classification proaedéor the distinction between acicular
ferrite and the different sideplate structuresgblasn features such as relative lath size, aspect
ratio and number of parallel lathes. Difficultysheeen noted in optically determining the
difference between upper bainite and Widmanstdtente, therefore the Welding Institute
introduced a terminology which would encompass botlasesars (ferrite with aligned

second phase).

2.6.7.3Microphases

As described and shown in Fig. 2.29, all ferringformations are accompanied by carbon
diffusion thorough the remaining austenite decomposition ta,, oc and aw). Hence,
carbon enriched austenite regions occur at thetipmof equiaxed allotriomorphic ferrite
grain, between acicular ferrite and Widméanstatesnté planes. For the duration of cooling
these regions of enriched austenite may transforbainite, carbides, martensite or remain as
austenite [22, 106, 108, 109, 118, 119]. Withbetuse of TEM it is difficult to define these
phases, thus they are generally known as “micrgggiasFormation of microphases may be
associated with disproportionate hardenabilityllayas which have insufficient time to form
ferrite phases, resulting in bainite and/ or magitenformation. With large amounts ¢f

phase stabilisers added, austenite can then bee@tat room temperature. Low heat input
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during the welding process can also assist thelodgwent of microphases, consequently this
results in fast rates of cooling, leading to therfation of bainite and/ or martensite [122,
127]. Also if the inclusion size and distributiare insufficient, and/ or of an incorrect type,
the nucleation of ferrite becomes much more diffiand this means morg phase is

available for transformation to bainite and or reasite. Measuring the microphase fraction
accurately is difficult, thus it tends to be inchadin the volume fraction of acicular and

Widmanstatten ferrite.

2.6.7.4Effect of Alloying Elements on Weld Microstructures

The microstructures of the weld deposits are imitgel by additional alloying elements
increasing hardenability by inhibiting the transf@ation of allotriomorphic ferrite, and by
controlling the oxygen content. This affects cosipon and distribution of non-metallic
inclusions. For notch impact toughness specimearil boarse grain ferrite and lamellar
structures are undesirable, whereas high levelscmiular ferrite are associated with good
notch ductility of the fuse zone in low-alloy steetlds. Hence, there has been a considerable
amount of research and work investigating the optmmchemical composition levels and
welding parameters to promote the formation of aefieial factor. Due to multiple
interacting factors involved during the cooling gees, it is difficult to address this

influencing element directly [22].

The effect of alloying combinations on toughnesd atrength of weld deposits has been
studied in great detail. It is widely known thhetaddition of large amounts of carbon can
strongly effect the hardenability of steel, [84, 99, 114, 128, 129] thus the levels of carbon
are kept low and within a narrow range, usuallyp@0QL2wt%. This level of carbon produces
the best combination for fracture toughness andkarg resistance. Increasing the carbon
content of the weld metal increases strength andinlesas, it may also reduce the upper-shelf
energy level. For the AD microstructure carboruences the microstructure by increasing

amount of acicular ferrite at the expense of abbatorphic ferrite. Within the RH regions
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carbon causes grain refinement and increases thardrof second phase particles within the
fine grained reheated regions [130-135].

Manganese is probably the most important elemeet ahrbon that is commonly used to
increase hardness and the strength of the steethanefore they complement each other.
Manganese also reduces the solubility of sulphwustenite and particularly at high cooling
rates; manganese promotes the formation of spherther than angular intergranular
precipitates. An added benefit is the ability chnganese to reduce embrittiement due to
overheating. Manganese is also known to lowerttdaesformation temperature of austenite
to ferrite; this inhibits the formation of allotnworphic ferrite, thus leading to an increase in
the proportions of acicular ferrite, in additionradining both fine-grained and coarse-grained
ferrite in the reheated region. Evans [132, 13@}nfl the optimum impact toughness
properties were achieved with alloying combinatioh8.07wt%C and 1.4wt%Mn, the reason
for the decrease toughness of high alloy contertisveas associated with an increase in
yield strength. However, research carried out gnSson and Gretoft [129] disagreed with
Evans findings, and remarked that increasing \séiength in high alloy steel metals does not
decrease impact toughness of the material, bet¢hasacrease can be related to fineness of
the grains, which may actually improve the impattghness. The positive effects of grain
refinement by increasing alloying content can eatfby the formation of segregated bands

of brittle microphases (bainite and / or martensite

The flux used during the welding process trans$éison into the weld pool, due to the large
amounts of silicates and SiQused as flux constituents. With increasing Siteonthe
oxygen in the weld metal decreases while the amoticicular ferrite increases. Evans
[131] noted that for low Mn weld metals (0.6%wmncieased Si content promotes acicular
ferrite at the expense of both Widmanstatten aladraimorphic ferrite. At high contents of
Mn (1.4%wt), the volume fraction of acicular feeritemains constant. Manganese, nickel
and copper austenite stabilisers and believed ¥e kamilar effects on steel transformation
behaviour, they also increase hardenability [1083]1 Nickel, provides powerful solid

solution hardening and high levels in the weld bead result in changes of morphology
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within microphases and acicular ferrite. Evansagtbthat increasing nickel content reduces
the proportion of allotriomorphic ferrite and inases the amount within the AD regions.
With manganese at high levels, nickel can also pterthe transformation to martensite at the

expense of acicular ferrite [78, 137].

In C-Mn weld metals molybdenum and chromium haweilar effects. Within the AD
region, increasing amounts of Mo initially incsea the acicularity and reduces the volume
fraction of the allotriomorphic ferrite. The volenferrite of acicular ferrite was found to
reach a maximum and the amount of the remainingasticicture, “ferrite aligned with
second phase” increased both the molybdenum amuin@lnm concentrations, this is a result
of a decrease in the Widmanstatten ferrite as tlseenecreasing Mo additions, and bainite
replacing acicular ferrite. Kayali [138], notedathincreasing Mo content from 0.24 to 0.48
wt.% generally increased the toughness of a suledeayc weld metal tested at low
temperatures. This improvement was a result okeedhse in the fraction of M-A plus
carbides, and an increase in the fraction of aaicidrrite. As previously discussed there is
evidence, although circumstantial that titaniumdex{TiO and Ti®) assist the formation of
acicular ferrite, although the specific role ofatitum has yet to be made clear. Research
carried out by Evans [134, 139] found that 20ppmTefwas enough to modify the
microstructure from 80% Widmanstatten ferrite tmast 70% acicular ferrite, using the same
welding conditions and parameters. Also with iasieg Ti content refinement of ferrite
grains and changes in the morphology of micropmasenoted in the RH weld metal regions.
Evans [131, 133] found the best values for Ti w@gpBm, as toughness values are directly
linked to the amount of acicular ferrite. Titanilmas also been found to decrease the amount
of soluble N content, it has been suggested thidtpérticles insoluble in austenite provide
intergranular nucleation sites during the austefieitate formation [140]. Evans found that
TiO may assist in the intragranular nucleationeasfife by improving the size and distribution
of inclusions. With TiN, TiO this has lower fornat free energy than MnO and SiOIf
there was no titanium present within the weld pdod, inclusion composition would mainly
be formed from manganese silicate, which form at femperatures<t350C) thus leading

to the formation of small inclusions with reducedcleating potential. Nevertheless small

amounts of Ti are added into the weld, TiO willfoat much higher temperatures in the
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liguid metal £1800F°C) and provide nucleation sites for other inclugitvases. This leads to
the formation of precipitation and subsequenceeszaince. Hence the capacity for acicular
ferrite nucleation would be increased due to then&iion of larger inclusions [78, 116, 117,
137, 139, 141].

To protect the weld metal from boron oxidation dgritransfer across the arc titanium is
added, it also helps with the prevention of borirde formations. Boron is only effective in
improving hardenability of the metal if it remaiimssolid solution in austenite and is known
to be detrimental to toughness [22]. If it comlsingth nitrogen or carbon and forms nitrides
or carbides in austenite grains, then a reducticthé hardenability occurs, as these particles
induce the nucleation of ferrite. Aluminium maywkahe same effect as silicon and titanium
on the inclusion population. Evans [134, 135] foumat when adding aluminium and
titanium together, the aluminium serves mainly twdify the role of titanium. A
disadvantage of excessive aluminium is that it wamup available oxygen and thus prevent
titanium from forming oxides. Grong [142] showduk tnucleation of acicular ferrite at
titanium oxides and nitrides is more efficient tldwminium oxides (A0° and MnAFO3),

this is due to the lower energy levels to nucleabbthe former inclusion constituent phases.
As a result there is a general reduction in théeation capacity of inclusions and a decrease
in the oxide number density is associated withpreeipitation of AfO® at high weld metal
aluminium levels. AO® has more affinity to oxygen thatG®, thus the optimum content of
aluminium should be a function of the weld metaha@ntrations of silicon, titanium and

oxygen [98].

2.6.8Multi-pass Welds and Reheated Microstructure

Welding is a process that generates a surfacesoeate and produces a weld pool with a
semicircular cross section. The size of the waldl gan be controlled in theory simply by
changing the heat input rate. However, it may bexamore difficult to control the
microstructure, i.e. the grain size may becomeelatigan desirable and properties of the fused

weld region as it becomes larger. Therefore irctpra it is customary to reduce the size of
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penetration of the weld bead size to approximalesdg than 20 mm and as a result of this
larger joints have to be completed by multi-pass anulti-run technique, where layers of

weld passes are built up from the bottom to theatfoghe joint, Fig. 2.32 [71]. As subsequent
layers are deposited, part of the previously depdsveld metal and HAZ will be reheated to

temperature high enough to promote solid sate fmamations to austenite and then different
microstructures upon cooling, whilst other regiomsy become slightly tempered. The weld
metal will consist of two bead microstructures apabited (AD) and reheated (RH), Fig.

2.32(b).

Multi-run welding helps to increase notch ductildpd decrease hardness, therefore proving
beneficial. The tempered bead technique may takarddge of this, where the final capping
run is made and then ground off, hence avoidingtbblem of leaving the final run in the as-
welding condition. The larger the number of wethds, the greater the volume fraction RH
weld metal that is produced. An advantageous lteokthis technique is annealing out of
residual stresses caused by the previous rungribngdes certain preheat and tends to extend
cooling times. Total heat input into the weld nhesadecreased and this reduces grain
coarsening [71].

Both peak temperature and cooling rate decreasgréater the distance away from the weld
centreline, as a result the grain refined regiory rhave distinctive microstructures, this
depends on the maximum temperature level to whidia$ been subjected too. The RH

region has three regions: intercritical, subcrltanad supercritical regions.

The intercritical region is relatively narrow andrfal transformation may take place, Fig.
2.32(c). Prior to welding carbon steels, which énav ferrite-pearlite microstructure, the
eutectoid pearlite islands may transform to austemm heating, and then on cooling to bainite
or martensite. In the “as-welded” condition, tregion may consist of hard grains which are
embedded in an untransformed, relatively soft temmatrix. The subcritical region does not

experience any observable microstructural changasstrain-ageing is a possibility, this is
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where the material has been strained and heatadetmperature range of 100 to 30D0this

is known as dynamic strain ageing.

The supercritical region has been reheated to godmature such that full austenite
transformation occurs; and this can then be sutbedsinto coarse and fine grained regions
depending on temperature to which the reheatinguroed. The fine grained region
experience temperatures just abovecdthey transition, thus resulting in small equiaxed terri
grains, with restricted amounts of microphasestimben, compared with the coarse grained
ferrite which is located close to the fusion bouydahere the peak temperature is sufficient
to promote grain coarsening (grain recrystallisadad growth). It should be noted that large
areas on austenite grain boundary (small prioreaitst grains) mean that grain boundary
ferrite easily nucleates and grows rapidly to comsuhe grains. This, in turn depresses the
formation of the other constituents that normalljcur at lower temperatures. Lath-like
microstructures (e.g. high hardenability) and loansformationa—y temperature, during
heating, results in a final RH microstructure whishmore homogeneous, and similar to the
AD microstructure, due partly to the fact that higgrdenability allows enough time for the
transformation of the re-austenitised region intmiarostructure similar to the AD region.
Several authors and previous research has noteédhiaRH region has higher toughness
values than that of the AD microstructure in C-Mwddow-alloy ferritic steel welds; it is

therefore desirable to increase the area of RHbnegfi the expense of the AD area.

2.6.9Previous work on the toughness of C-Mn weld metal

2.6.9.1Introduction

Researchers have been interested in the toughh€sMa weld metal for many years, due to
the widespread application of such welds in engingestructures. Frequently, the welds
come under scrutiny, as they are often the regadinsngineering structures where failure

occurs or initiates.
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2.6.9.2Micromechanisms of cleavage fracture in C-Mn weld ratals

The fracture micromechanism of C-Mn welds was itigased by Tweed and Knott [143],
and found brittle fracture initiated from inclusgnunlike brittle fracture in wrought iron
which generally initiates from carbides. Cleavdgeture initiation sites were located by
tracing the river lines associated with the briftigcture back across the fracture surface to
their source. Research carried out by McRobiekamatt [52], Bose [22], Novovic [13] and
do Patrocinio [15] have identified inclusions tothe cause of cleavage fracture with C-Mn
welds. Investigations have been carried out testigate if a crack inclusion, from which a
sharp crack can propagate into the surroundingdearratrix was more detrimental to fracture
toughness than a decohered inclusion from whichctiaek has blunted. Although after
numerous results and analysis from both fractuneghoess and blunt notched bend

specimens no obvious difference were observed.

Tweed and Knott [7] carried out extensive hardmasasurements of the constituentsugf

aw andoc of the AD microstructure of a C-Mn, and found that was softer than the other
constituents of the weld. It was therefore hypsited that an inclusion within the grain
boundary allotriomorphic ferrite initiated fractuiue to local plasticity being concentrated in
these softer regions. Also it was thought thatldinge size of these regions of grain boundary
allotriomorphic ferrite allowed for larger disloegat pile-up lengths to form against the
inclusion, thus making these sites more likelydi@avage fracture nuclei. Initiating cleavage
fracture inclusions were found to be in the top ®%odistribution of inclusion size, as
measured from the ductile fracture surface. Howebe model did not take into account the
effect of the inclusion chemistry or residual sées An overview of fracture in C-Mn weld
metals was carried out by Tweed and Knott [143]jclvtsuggested that inclusions might
induce tessellated stresses as a result of therelitial thermal contractions between the

matrix and the inclusion on cooling. These stresse described by the following equation:

o=d|a,-a)aT] (2.6)
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wherea, ando; are coefficient of thermal expansion for the maamd inclusion respectively,
AT is the positive temperature change a@nds a function of the elastic properties of the

matrix and the inclusion and its size, shape asttidution.

1. If am <0 a void will form between the inclusion and the matif the bonding of the
interface between them is weak.
2. If om > a; on cooling the inclusion will be subject to rad@mpressive and tensile

circumferential stresses which reduce as a funcfdhe reciprocal radius cubed.

Values of o, ando; suggested that manganese silicate inclusions camynfaund in welds

case (1), and that from manganese sulphide caseo{@jl both be true. Suggesting that not
only does inclusion chemistry affect the surrougdmicrostructure, but it also effects the
stress field surrounding the inclusion. The estadanaximum values of the circumferential

stressscn is related to the matrix yield stressy by the following expression:

T3 27

2.6.9.3Microstructural differences in toughness of multipass welds.

Tweed and Knott [7] investigated differences ingioniess of a multipass weld. Due to the
nature of multipass welding, two microstructures areated AD and RH within the weld
metal. The work simulated regions of the RH mitmasture by radio-frequency induction
coil heating and water cooling; it was noted theg RH microstructural regions exhibited a
significant increase in toughness compared to th2 rAicrostructure. Novovic [13]

confirmed this in a recent study, using C-Mn weldtah and carefully positioning notches



Page|52

(Charpy tests) and pre-cracks in fracture toughnessting in real AD and RH

microstructures, therefore sample one on microsirac The results from the Charpy tests
showed the ductile-to-brittle transition was lovier the RH microstructure compared to the
AD microstructures within the same weld metal; fledence was also noted in the upper shelf
energies of the Charpy tests, with the RH micrastme showing lower upper shelf energies
than those of the AD microstructure. Similar difleces were also noted in fracture

toughness experimental results.
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Chapter 3 - Fracture Mechanics.

3.1Linear Elastic Fracture Mechanics

3.1.1The Griffith Theory

In order to explain the reasons for differenceswben the predicted and actual
experimentally obtained values of fracture streagthglasses and crystals (i.e. two orders of
magnitude lower that the theoretical fracture gjterof a solid, of the order of E/10), Griffith
[144] considered propagation of brittle cracks lasges and postulated that a crack would
extend under the applied stress only if the tota&rgy would be decreased. Thus comparing

the decrease in elastic strain potential energly aitergy needed to create new crack surfaces.

Griffith [145] derived the fracture stressg, for an infinite plate of unit thickness, with a
through-thickness crack of length 2a, and the ciadging normal to the direction of the
applied stressg, at infinity, Fig. 3.1, considering thermodynangnergy balance between
surface energy required and strain energy reletmethe crack to advance. The fracture

process was not focussed at the crack tip, frastness can be defined as:

1

O :(@jz ...(3.1)

a

in the case of plane stress, where E is Young'sillMe. The equivalent expression for plane

strain loading is:
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1

o, :(ﬂjz ...(3.2)

l-v)a
wherev is Poisson’s ratio (0.27-0.30).

The Griffith’s approach allowed for the considevatiof the sample as a whole, therefore not
considering the highly strained region surrounding crack tip and yet obtaining a useful

fracture stress expression.

Equation 3.1 can be rewritten as:

=2y ...(3.3)

The strain energy release rate, G, is defined bydfi hand side of the equation and can be
considered that the potential energy release eqieesents graphically the slope of change in
energy with respect to crack lengtty(oa). It also represents the surface energy incraade
may be designated as crack resistance, R, witkufiaoccurring when G exceeds the critical
value, G, and must be at least equal to R.

mo'a _ moga _
E E

G, =R ...(3.4)

Although the Griffith theory in its original formexhibits poor agreement when there is

plastic deformation occurring ahead of the crapkttiis is the case for most ductile materials
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when fracture is being considered. For exampleyragg the crack size, a, and the surface
energyy, the predicted fracture stress values though ems8.1 and 3.2 were considerably

lower than those seen experimentally.

The general rule of defects with decreasing fra&ctirength consists of the inverse square
root relationship between the fracture stress aackdength. Irwin [146] and Orowan [147]
independently suggested the Griffith theory foraltiebrittle materials could be modified and
applied to metals that exhibit some degree of gi&gtf the work completed is close to the
crack tip and completed during plastic deformatgoonsidered in calculations, Fig. 3.2.

N e

7. :(E(Z"e*”p)} .. .(3.5)

1-v?

wherey, represents the energy exhausted in the plastik wecessary to produce unstable

crack propagation, thus prior to the onset, faatreély ductile materialg, >>2y.becomes:

o = (;(%Ej .. .(36)

This equation although modified is still limited defining conditions required for stability of
an ideally sharp crack, this presents problemgfactical applications, as the linear elastic
approach relates fracture stress to crack lengten géhrough crack-tip plastically was

preceding fracture.
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3.1.2The Stress Intensity Factor Approach

Following on from the solutions of Westergaard [[L48d using linear elastic theory Irwin
[146] developed the stress intensity approach. siiteved that the elastic stress field in the

region of a crack tip takes the form:

. =—f.(0)+.. .37

i = 10) (3.7)

where oijj is the stress component;
fi Is a geometrical factor in the direction of ij;
K is the stress intensity factor;

0 and r are the cylindrical polar co-ordinate ofoénp with respect to the crack tip.

Equation 3.7 is only valid for a singular elastiress field; any plasticity disturbs this stress

singularly.

Within the vicinity of a crack tip all stress syste may be derived from three simple modes
of loading, Fig. 3.3. For these cases, the stsegsthe vicinity of the crack tip for a crack

length 2a, in a biaxially loaded infinite plate FB.4) are given by:

Mode |
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o, = ovra cosg(l—singsinﬁj
N2m 2 2 2
o, = Al cosg[1+ singsinyj
N2m 2 2 2 .. .(3.8)
Ty = o singcosgcos%
N2 2 2 2
g, = v(aX + ay)

Equation 3.8 shows that all the stresses tend ttsnafinity at the crack tip (e.g. a = 0), these

1 1
2

are the products of the geometrical posit{ma) * f(6)and a factor Oth(la)E. This factor

determines the magnitude of elastic stresses ircrdnek tip field, in the case of Mode | the

stress intensity factor |Ks:

K, =ovm ...(3.9)
Mode I

o :Lsing(2+cos€cose’—gj

* J2m 2 2 2

o, = Ky sing[cosgcos—gj

Y oJom 200 2 .. .(3.10)
T, = Ky cosg(l—sin—sin—j

Y Jom 2

where for an infinite cracked plate with uniforrapé sheat at vicinity:
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K, =rdma ...(3.11)

Finally for Mode I

r., =—_cos— .. .(38.12
2= a2 ( )

where
K, =1V .. .(3.13)

The above equation shows the stress intensity rfalctavever it is not suitable for practical
applications as it's obtained for an infinite plat&he expression has to be modified for
practical applications, with a finite size, by aalglicorrection factors. Mode | loading (pure
tension) whilst under plane strain (triaxial stregate) conditions is most important to

consider in metals for practical cases, and thadyais is focused on this mode. The general
form of the modified expression is:

K, =Co mf(ij .. (3.14)
w
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where C andf (%) have been determined for each case by the stnadsses, and W is the

width of the specimen. For Charpy size specimdi@xi0x55mm), Kis defined by the

following equation, considering all limits are sdieed [149]:

K =2 f(ij .. .(3.15)

where

.. .(3.16)

f(ﬂj _ mﬂlﬁ??(vw(l'm( 2.15_3 som, o7 H
W o la)

From the application of virtual work principle (egglculating work by surface forces acting
across lengtlda when the crack increases in length from a tad4146]) it can be seen that K

is associated to the strain (or potential) eneedgase rate, G in plane stress conditions by:
G=—-=2 ...(3.17)

and in plane strain
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K 2
=21 1-1?) .. (3.18)
E
wherev is Poisson’s ration, thus at fracture (plane sjrai

Gic =K—£C@.—V2) .. (3.19)

Where the fracture toughness of the materig),i&critical stress in Mode | loading subjected
to tensile stress. It can also be considered amakt parameter and represents the material’s
resistance to brittle fracture. Unstable crackppgation can be defined using botl knd

Gic, although K¢ is generally used to characterise the fractunstesse of the materials due
to the difficulties in calculating fe. Kic is used in linear elastic fracture mechanics ard c
be either numerically or mathematically determibgdhe technique of elastic stress analysis
for various kinds of geometries and stress systeffibe method by which Kis determined
has been standardised a British Standard BS 74&8:1P 1991 [149] using testpieces of

varying geometries and that have been fatigue gaeked.

Combining equation 3.9 for perfectly brittle (eladtilure) and rearranging with equation at

failure in Mode | loading and in plane strain cdrais, gives:
Op = > .. .(3.20)

Thus placing @ = 2y, in to the above equation gives the original Gtiffrelationship. It

should be emphasised that values obtained expethefrom fracture stress tests of critical
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strain energy release rate,cGand “effective surface energyy, are distinct parameters.
Using equation 3.6 for a given microcrack with simadf-length 'm and known cleavage
fracture values, usually ranging from 2-144rexperimental values fof, can be obtained.
However, using typical values for ferritic steetdawv temperature of E = 206MPa= 0.33
and Kc =~ 50MPanft into equation 3.19, values ofGare obtained in the order of “Déi?.
The reason for the difference in results is becagsand therefore, are related to the local
tensile stress in the process zone of the crackniptherefore only consider events at instant

infinitesimal crack extensiod).

3.1.3Critical Tensile Fracture Stress, |

Using blunt-notched bend specimens Knott studiedldical critical tensile stress, , for

transgranular cleavage fracture [150, 151]. It wsiblished that this parameter depended
weakly upon the test temperature if cleavage wiasirgiluced. Many other researchers have
ascertained similar results for a selection of Ist@eth different microstructural conditions
over a low temperature range, mainly quenched amgpé¢red steels [9-11, 152, 153], weld
metals containing lath-microstructure [22], C-Mnlavenetals [7, 13, 52], C-Mn bainitic
steels [154] and MnMoNi weld metals [14, 15]. Téessumed that cleavage fracture stress
o’ was inversely proportional to the square root eft¢brresponding initiating feature within
the microstructure, e.g. second phase particles remmdmetallic inclusions. A modified

Griffith equation was used to predict values of éfiective surface energyes, as shown in

equation 3.6.

3.1.3.1Effective Surface Energy yes

Cleavage fracture was analysed by Curry and Kd&#] in spheroidised plain carbon steels,
given that the statistical distribution of carbiparticles for these steels is less complicated

than that of grain boundary carbide films in aifermatrix. The model was based on the
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propagation of a penny shaped crack forming froenditacking of carbides and considering
this as Griffith type defects. The Griffith cragkopagation is slightly different for this

geometry compared with through-thickness cracksisgd/en by:

([ E¥y
o, _LMJ .. .(3.21)

where d is the diameter of coarsest carbide pariticthe region ahead of the crack tip. Good
agreement was found between experimental and peediz. cleavage strength values.

There have been considerable attempts made foedtimation ofy, values, with little
agreement from different authors. A lower bountheaofy,is usually considered to equate
to 2Jn¥ [156], this value has been inferred from extrapotaof the measurement of the
“true” surface energy of delta ferrite at 14G0 where zero-creep experiments were used and
no contribution of dislocation movement is consiger y, values as high as 1803nhave
been suggested [157], it should be noted, howéwatra critical size defect must be assumed
or measured to estimate a reasonable valueg, fitus estimates foy, should be carefully
considered. Curry and Knott [155, 158] showed eslof 14Jnf in spheroidised carbide
microstructures fory, values, the increase from the lower bound value2bfi’ was
considered to be due to the plastic work contrdoubf the creation and limited dislocation
movement necessary at the crack tip in the fraqitweess. Bowen [9] used a quenched and
tempered A533B steel and observed bestfitvalues of 9J/, based on measured cleavage
fracture stress and the coarsest observed carizigle Similarly, McRobie [52, 159] foungs
values of approximately 9Jmfor cleavage fracture stress in C-Mn weld metal®ugh
notched bars. Curry and Knott have observed aerahgalues from 2 to 25J?’rforyp values

by compiling data from literature [158]. It haseberevealed that the cleavage fracture stress

is strongly dependant on the grain size, with ihgéigher in fine grain steels.

Bowen and Knott [9, 11] observed no dependencdeaivage fracture stress on martensitic

packet size, prior austenite grain size or martenkith width and concluded that carbide
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width was the only microstructural controlling fegd. It was also suggested [7, 52] that non-
metallic inclusions are responsible for initiatioh cleavage fracture in C-Mn weld metals
under certain circumstances. This theory which veagpported by microstructural
information, gave rise to the proposal for the niode C-Mn weld metals, which was
developed by analogy from previous models in wraugitd stress for cleavage. The model
carefully considered that plasticity was confinedjtain boundary ferrite. Encourageing the
inclusion to crack, which in turn would act as aeaslage initiation site, if a critical diameter
and tensile stress level were attained. Thus alpawould then propagate though grain

boundary ferrite.

3.1.4Linear Elastic Fracture Mechanics (LEFM)

3.1.4.1Fracture Toughness Testing

Linear elastic fracture mechanics can be used soriee the condition of unstable crack
growth when the extent of the crack tip is limif@estically, even though structural materials
do not behave in a purely elastic manner duringtdir@. Plane strain fracture toughness, K
can be considered a materials property that israkp® upon temperature and loading rate of
the test. According the standards ASTM E399-90 B88447:1977 two types of samples
can be used; the single edge notched bend testffs#d) and compact tension testpiece
(CT), Fig. 3.5 and 3.6.

The specimen size required to give a valid lkave to fulfil plane strain conditions, so tridxia
stress state is obtained and the stress intensitlyss is unaffected by the plastic zone size
and high constraints can occur around the crack Afier extensive experimental work the

following empirical minimum size of specimen wasided:
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2
B and a= 25(&) .. .(3.22)
ys
and
2

K
W > 5.0(¢J .. .(3.23)

O,

where a is the initial crack length of the specin®ns the thickness of the specimen aigl

is the yield stress at test temperature. Low altyitic steels normally have a low vyield
strength ranging from 400 to 500MNmconsequently elevated toughness, meaning the size
of the test piece required to satisfy the valid ¢€iteria in equation 3.22 would be very large

indeed.

Wessel [160] used compact tension specimens d@rdift sizes, up to 300mm thick, shown in
Fig. 3.7, also shown are the results obtained ioA%33B Grade B Class 1 steel (1.35%Mn,
0.5%Ni, 0.23%C, 0.5%Mo) heat treated to a yieldsstrof 500MNrf at room temperature.

For SEN specimens the stress intensity factonvisrgby the following equation:

K, =1 f(ij . .(3.24)

and for the CT specimen by the following equation:
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K, = Plffij .. .(3.25)

For a valid test Ig it is first necessary to compute a tentative valukq based on a graphical
construction of a load-displacement test recofdK ol satisfies the condition of equation 3.22
then Ko=Kic. Most structural materials present considerablgliness, thus the size of the
testpiece is large for a valid,Ktest and awkward to test with conventional equipimelt
should be considered that the amount of materiaéssary to obtain a virtually constant
toughness value is also a drawback, mainly whersidering the testing of rector pressure
vessel steels. Thus the determination gfd€ structural materials is not always practicad an
other testing methods need to be considered, dsawi¢he effects of the plastic zone size of
the stress intensity approach which have to betdimnto quantify the fracture toughness
properties of these materials, but plane straictdir@ toughness represents the lower limiting

critical toughness of a material.

3.1.4.2The Crack Growth Resistance Curves Concept (J-R and-R

Curves)

When both ductile and brittle fracture occurs ie fame testpiece tiiecurve concept can be
used to address this problem. This method is tsemiake quantitative estimates of the
increase in resistance to fracture as the cragkowing by “resistance curves” oR“curves”

and can be defined as:

r=db,) .. (3.26)
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where U is change in elastic energy of the loaded uncrkhgiate, U is a result of the
formation of crack surfaces. Crack instability lvatcur when the elastic energy release rate

is greater that crack resistance:

The crack resistande is considered to independent of crack extengianif the plane strain

condition is satisfied (Irwin’s analysis). But aigingR-curve may develop as crack length
increases in plane stress or intermediate plaesssstrain conditions, thus on loading a thin
sample containing a crack, stable crack growth @atiur up to the point of plastic collapse of

general yielding of the sample or before instapgihd fracture.

Various standards detail how to obtain crack extensesistance curves, for example the
British Standard BS7448-4:1997 [161] and GKSS ®BUHEA62]. As there are two specimen
designs that can be used of the tést, choice will be dependent upon crack origmaand
quantity of available material. There are also t&chniques available to determine crack
extension; multiple and single specimen methodsthé single specimen approach the crack
extension is monitored via an unloading compliateehnique where loading slopes are
produced at specific intervals during the testsséhcan be used to estimate the crack length at

each unloading interval. The multiple specimenhoédtas regarded is the definitive approach

3.1.4.3Slow Notched Bend Testing

Slow notched bend testing is mainly utilised to tidguish both mechanical and
microstructural effects on the micromechanismsledvage fracture. There is a large amount
of research relating to the behaviour in slow blnotched test specimens, meaning there is

more known about the plastic-elastic stress digtioins ahead of the notch in the process
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zone of interest, than in pre-cracked specimensotfKii44]). The elastic-plastic stress
distribution around a notch, as analysed by Ghiféind Owen [163] using finite element
methods, predicted the variation of tensile stress,ahead of the notch as a function of the

applied load (general yield stress). The maximensite stress, at failuk® 1max is defined
as the microscopic or local cleavage fracture stres , this was related to the size of the

microcrack through a modified Griffith equationtbe form [164]:

. 4E
o, = —yg ...(3.28)
nml-ve)d

Where d is the size of defect apds the “effective surface energy”.

Curry and Knott [155] studied cleavage fracturaispheroidised plain carbon steel relating
O+ to the size of a microcrack through a modified fafifequation for a penny-shaped crack

Equation 3.21. Both of these equations can be tsexbtimate the value for, from the

linear relationship between the reciprocal squac¢ of the microcrack sizes (crack initiation)
and the measured values for. . It should be noted that values are an estimate, as the

intrinsic cleavage fracture stress is inconsisterd depends on local characteristics of the

material.

3.1.5Elastic Plastic Fracture Mechanics (EPFM)

As discussed the Linear Elastic Fracture Mechamigsoach (LEFM) is useful when used to
analyse a material with intrinsic brittle behaviowhere plane strain conditions can be
satisfied. LEFM can be applied to modifications naterials that exhibit limited crack
plasticity. However, structural materials are Ulyu#oo ductile, because of their high

toughness to be dealt with using such principlesck the Elastic-Plastic Fracture Mechanics
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(EPFM) approach extends the description on fracheteaviour beyond the elastic regime.
Two approaches can be used to predict the cratktian behaviour of the material; Crack
Tip Opening Displacement (CTOD) [165, 166] prindipaleveloped in the UK, and the J-
integral [165-167] energy balance developed iniBA.

3.1.5.1Crack-Tip Opening Displacement (CTOD)

The concept of CTOD was introduced by Wells [168]1&s an alternative idea to Irwin
[146]. Wells assumed that crack opening displacgrf@OD) was directly proportional to
tensile strain after general yielding had been ead, Fig. 3.8. Under general yielding
conditions, plastic flow is not constrained: thagtic zone spreads over the entire cracked
section. The crack was expected to propagate \hemplastic strain at the tip exceeded a

critical value. The measure of strain is COD dralftacture criterion is critical COD.

Wells attempted to explain why small scale testspens, which had been removed from a
large section ship-plate, fracture after generaligld with fibrous fracture appearance
compared to the ship-plate which had fractured feefi@neral yielding. In the latten case the
fracture surface showed a crystalline appearaneeooé than 90%, when tested at the same
temperature. Wells evaluated COD by using Irwiesimate of the plastic zone size and
employing an elastic solution for the displacenwa centred crack in an infinite body, Fig.
3.9.

4o 4 4 K
COD=———_ _=>CTOD=—+2aR=— .. (3.29)
E1/‘a+ Ri E TTEO g

It can be seen from the above equation that CTO&qgisvalent to k¢ when linear elastic
fracture mechanics criteria are applied. As altesmall scale tests could be performed to
overcome the dimensional limitations imposed by Kje test from measuring fracture

toughness of ductile materials.
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Measurement of this distan@eor COD can be referred to s the critical CTOD at the
point of fracture, this is expressed as:

2 2
COD:A:%(az—XZ+16EJ2 sz .. (3.30)

Alternative models for CTOD were developed by Bkideand Stone [169], which were

based on the Dugdale model, shown in Fig. 3.10s Model described the crack-tip opening
displacement for a crack of length 2a, in an indéirthin plate which is subjected to uniform
tension §) in a material, where plastic deformation occursha crack tip, this is given by

[40]:

80
o) :—ysaln se¢ 77 ...(3.31)
TE 20,

Equation 3.31 was obtained for tensile loadingvathg for the measurement of critical COD,
d¢c for small scale testpiece which fractures afteregal yielding. This can be used to predict
fracture stress, of a large scale structure fracturing before gangeld. Crack tip opening
displacement, CTOD can be applied to the assessaofighe integrity of structures, under

linear elastic fracture mechaniésand can be directly related tg: K

.. .(3.32)
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CTOD can be defined as the opening distance bettieeimtercept with the deformed crack
profile of two lines drawn back from the crack-ip 45, Fig. 3.11 [170]. However it can
only be validated in a quantitative manner for afinite plate. Measuring of CTOD is
calculated by loading a pre-cracked specimen iretmpoint bending configuration and
measuring the load versus notch opening displacemanes (V). CTOD is evaluated

using:

0=0,+0 :K|2(1_V2)+ rp(W—a)\/p

moE r,(W-a)+a+Z - (3:33)

whered, is the elastic componerd, is the plastic component, m is a dimensionlessteon
(=2.0 for plane strain), a is crack lengthisrthe plastic rotation factor and Z is the dis&of
the knife edges above the notch.

3.1.5.1.Effect of Specimen Size and Geometry on CTOD

di is the value of the initial crack tip opening degement and appears to be a characteristic
of the material, which is independent of thicknessl geometry as shown in Fig. 3.12 and
Fig. 3.13 [144, 171]. It can be seen from the rgguthat similar results are obtained for both
the four and three-point bend specimens, there aguesalent results obtained for four-point
bend and compact test specimens. Fig. 3.14 dapetsffect of thickness of specimen; it can
be seen that regardless of differences in theofa®OD fibrous crack growth and the point of
maximum load, good agreement betwégralues is found [144]. For specimens greater than
2mm, g; is independent of specimen thickness, thereforegd® leading to an increase in
constraint would cause a reduction in COD, e.g.tliark specimens or if the specimen was

loaded in four rather than three-point bend.
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Effects of constraint are more important in terrhsleavage fracture initiation, for example if
general yield is attained before the critical COddue at the crack tip (the piece is brittle) or if
the specimen is big enough that thg is attained by general yielding (the piece is ieict
[144, 172]. As a consequence cleavage fracturerabtpon the maximum attainable stress
ahead of the crack tip and hence on the test ecstraint, while the maximum load failure
depends upon plastic collapse of the ligament [17Bjese such size effects on CTOD are
summarised in Fig. 3.14 [172], also it should beedothat using side-grooves to inhibit

through-thickness yield can increase the constraint

3.2Microscopic Models For Cleavage Fracture

Griffiths proposed a theory for brittle fracturensadering the presence of sharp crack like
defects within the material. Except, materialsaglgvcontain some microscopic flaws but not
all will be of sufficient size to produce catastnapfailure. It should be noted that cleavage
fracture initiation is always preceded by some llagdormation or plastic yielding, as shown
by Low [174]. In this experiment, Low used iroms$de specimens, for a given grain size
fracture in tension and yield in compression wertha same stresses, as shown in Fig. 3.15.
It was also demonstrated by Knott [144], that céepevfracture is preceded by local yielding
because twinning or slip is necessary to initiataierocrack. Hence the following sections

consider cleavage fracture to be initiated by slip.

3.2.1Stroh’s Theory

Zener [175] first discovered the concept that cragknitiates from a dislocation pile-up
against a barrier, it was proposed that a pile-ap @& potential stress raiser and concentrated
tensile stress ahead of it might be high enoughitate a crack. Stroh [176, 177] later used
Zener's theory to analyse the conditions requiceducleate and propagate a crack in front of

a dislocation pile-up, shown in Fig. 3.16. Usingrasumption similar to the Petch [178]
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model for yielding, both models are based on tleegss by which mobile dislocations are
produced in the unyielding grain, a relationshigwatained between the materials grain size

and cleavage fracture stress:

1
o- =0, +k.d ? .. .(3.34)

wherekg refers to critical value of tensile stress requiite fracture the second grain with a
diameter of d. This predicts in fine-grained miglisrthe increase in cleavage fracture stress,
but gives no clear indication of the meaningotand does not explain why there is variation
of fracture stress in grain size from experimen¢sults as shown in Fig. 3.17. Stroh [176,
177] investigated the meaninglef The calculated that the magnitude of the maxinaoal
tensile stress, ahead of a pile-up of dislocationswheref is equal to 70 5to the direction

on the slip-band propagation, necessary to propaga®Griffith like microcrack nuclei, is
expressed as:

1

0205 :%( d jz(r_ri) .. (3.35)

or

where r is the distance from the pile-up, d isdhein diameter,t is the shear stress ands
the friction stress, thus substituting this stregs the Griffiths equation, the conditions

influencing the spread of the nucleus can be writie

.. (3.36)
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wherev is Poisson’s ratio, d is the slip-band length ifgrdiameter),u is the shear stress
modulus,y is the surface energy, ang is the effective shear stress. If a crack nuctaus
form, there is a decrease in the total energy @fsifstem with increasing nucleus length; this
is assuming that the total surface energy creageitido growing crack is constant throughout
the fracture process. It also assumes that thevaige is nucleation controlled, that the
number of dislocations present is enough to nuelaatrack and may be squeezed together at
the end of a slip band. The critical number igiby [144]:

Ty
27 b

n=

.. .(3.37)

where b is the Burgers vector of the dislocatioh.can clearly be seen from the above
equation that assuming there is constant effecihaar stress, fewer dislocations, e.g. short
slip-band lengths, are required to nucleate a raregk in a material which has a low surface
energy. If tensile stress is made the most impopparameter, fracture should be growth-
controlled rather than nucleation controlled, agwah experimentally by Orowan [147, 179]
and Parker [180], Fig. 3.18. However equation ZHdws this is impossible, but Stroh’s
theory can be applied to the cleavage fractureesis if some brittle second phase provides a
low surface energy region and the fracture is abletl by nucleation. However Cottrell [41,
42, 165] argued that crack propagation is the midtult step rather than its nucleation [22,
181], therefore the process is growth controlledexplained in the following section.

3.2.2Cottrell’'s Theory

An easy nucleation process was proposed by Cof#2]] a different dislocation mechanism
for crack nucleation in cleavage fracture, allowihg growth to be the influencing factor.
This mechanism of cleavage is based on an eneafigtfavourable dislocation reaction in

bcc materials as shown in Fig. 3.19. Consider lchsions in bcc iron, with Burgers vectors
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a<111>/2 moving on a slip plane of (101) and Burgers ver:@(ﬂll)/Z is gliding on the

intersecting@ll) plane, the leading dislocation can coalesce tm famew edge dislocation

as given by:

%[111 101)+§[11];|601) - a[001](001) .. -(3.38)

As a result a dislocation is formed with the reducin energy, a sessile edge dislocation (the
line of intersection of the planes is [010] witiBargers vector normal to the cleavage plane
of (001) [144]), and thus the first stage of micrack initiation. If this reaction is repeated

with corresponding decrease in dislocation enengy @ wedge-shape crack can nucleate.

Once the crack nucleus initiates it will propagateler an applied load, so cleavage fracture
can not be propagation controlled with cleavagessts:

1
W 2 .. (3.39)

where K ’is the yielding constant in the Hall-Petch equatéond d is the grain size. This

model explains the effect of yielding parameterd a@nain size, but also emphasises the
important of tensile-stress on cleavage fractiNevertheless it does not take into account the

possible influence of other microstructural parargtsuch as the influence of second phase
particles [182].
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3.2.3Smith’s Theory

The initial model of complementary growth contrdlleleavage fracture that incorporated the
effects of carbides was proposed by Cottrell [4%5]1 Latter research observed in tensile
specimens that grain boundary carbide and peéatitellae cracked prior to cleavage fracture
[183, 184], McMahon and Cohen [182] studied tensipecimens made from very low
carbon steels, over a low temperature range anehnadx$ the occurrence of cleavage micro-
cracking, the results showed that coarse carbides\gied cleavage, whilst fine carbides
allowed the material to behave in a ductile manr@n. the basis of these experiments, Smith
[185] proposed a theoretical cleavage model fodrsikel, this included the effect of the
stress field from the dislocation pile-up requitechucleate a microcrack, shown in Fig. 3.20.
Based on Stroh’s analysis for steel, the fracturessor required for a micro-crack to
propagate from a grain-boundary carbide of thickr@swith a grain-size d is given by:

.. .(3.40)

wherecke is the critical values of tensile stress to pr@taghe nucleusis is the effective

shear stresst{,, applied shear stress minus the lattice frictivass,t;), ver iS the effective

surface energy concerned in propagating the miaodanucleus into the ferrite matrix. From
the above equation it can be seen that both thetéirm, known as a “Griffith’s term” and the
second term are related to the stresses thatfesivedislocation pile up. For annealed mild
steel, researchers have approximated that the Ibwffact of stress arising from the
dislocation pile up on crack propagation is lesntth0% [186, 187]. This is even smaller in
the case of spheroidal carbides, because the diglacarrays are not in the form of grain-
diameter length pile-ups but as loops twisted adoundividual particles [187]. Thus, the
contribution of the dislocation pile-up can be discted; the criterion reduces the Griffith

relationship for grain-boundary carbide microcratkength G:
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1
Rewriting tes as Kysd 2in terms of the Hall-Petch relation [178, 188, 18Rfuation 3.42),

means equation 3.40 can be re-written as:

2
s 4 L i 4E e
C,o2 + (KJ{“I—T(CO)E[ é;ﬂ > ﬁ%) .. .(3.42)

From this equation is can be seen that cleavagtufeastress is independent of grain size d.
However, as Curry and Knott [155] pointed out cdetthickness is often related to grain size,
thus from this theory it is easier to predictedtthiaer grain size may promote a higher

fracture resistance.

3.2.4Measurement of the Microscopic Cleavage Fracture 8tss

Tensile specimens were used to evaluate fractuessstas presented in previous research
[182-184]. Tensile testing has numerous disadgastawith the main influence being the
testing machine, whether this is in displacemeribad control. Also the temperature range
at which cleavage fracture occurs prior to neckihgs is very limited or nil, in some cases
low alloy ferritic steels tested at liquid nitrogeemperature (-19€) exhibited some degree
of yielding prior to catastrophic failure. Knottg0, 151] applied slip-file theory to notched
bend specimens to evaluate fracture stress whamst coincident with yielding, but this
method has limitations as the notch geometry ndedse varied to determine cleavage

fracture stress over a wide range of temperatures.
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Griffiths and Owen [163] used a four-point bendpesce to analyse the elastic-plastic stress
distribution around a blunt notch, using finiteraknt analysis and calculated the maximum
principal stressgyy, as a function of the distance below the notcly. B.21 and 3.22.
Maximum tensile stress is defined as microscopeachge fracture stress, which is located
within the plastic zone. At low loads distributiasm similar to that predicted by slip-field
theory, whereas at high loads, in a strain-hardgnmaterial the maximunsy, occurs at a
great distance away from the plastic/ elastic fate&r. More recent research in to ferritic
steels and weld metals, Bowen [9-11, 152, 153]MoRobie and Knott [7, 52], established
that cleavage fracture is controlled by microscopleavage, furthermore microscopic

cleavage fracture stress is expected to be indepeind notch geometry and test temperature.

3.3Fracture Criteria for Precracked Specimens

3.3.1Microstructural Effects on Cleavage Fracture

When designing engineering structures, great enpigplaced on brittle fracture of metals,
where it is assumed that cleavage occurs when thesssintensity factor exceed a
“macroscopic” or “engineering” value of fractureughness, k. Techniques have been
developed that collate metallurgical features toroscope applied fracture stress, such as the
size of any defect within the material. Many reskars have investigated if a crystal
cleavage event could be defined as an extensi@mnagked carbide, an inclusion, a M-A-C

constituent, or pearlitic carbides.

Fracture of mild steels is believed to occur whenierocrack occurs at brittle grain-boundary
carbide and propagates at the critical tensilesstieto the ferrite matrix. Smith’s [190]

model predicts cleavage fracture stress is maiffigcteed by the carbide precipitates in
contrast to experimental results that demonstrattst is dependent on grain size. However

Curry and Knott showed [155, 191] that in normaliznd annealed mild steels there is a



Page|78

general relationship between grain size and thge#dr grain-boundary carbide width.
Confirming that lack of grain size dependence ontls&smmodel is overcome by an increase in
the carbide thickness with increase in grain si@kumura [192] measures} values of steel
where carbide and grain sizes variations are inugd, thus concluded that regardless of
increasing fracture resistance for fine-grain sizbe effects of grain-boundary carbide size

on cleavage fracture is the principal factor cadhtrg the fracture stress.

Weld metals have different initiators for cleavdlgan those in wrought steels. A model was
proposed by Tweed and Knott [7] for cleavage fractim the AD microstructure of C-Mn
weld metal after non-metallic inclusions were foundact as a cleavage microcrack initiator
within this microstructure. McRobie [52], Novovjt3], Wenman [14] and do Patrocinio
[15] showed that a large variety of inclusions aagponsible for cleavage fracture initiation.
Research carried out on pearlitic steel [193-19%6Wsed that the nuclei for cleavage fracture
could be a microcrack or small oxide inclusion,leating across numerous pearlitic carbides.
Also different variations in toughness within theeldr metal are known to occur due to
inclusion population, which contains oxides fornthgting the deoxidation process. More
recent studies have shown that the most imporgantiof influencing toughness [7, 10, 13-15,
52] is the microstructure. Within weld metals umibns are associated with initiation which
is fibrous in nature through the coalescence ofl¥@round them. Detailed examination of
these inclusions could not find any clear differesha the chemical composition of the “void-
initiating” and “crack-initiating” inclusions. Krto[113, 196] rationalised that there could be
subtle differences and these could be associatédavsulphide shell around the inclusion.
More recently, Miao [76] showed that C-Mn weld nmetantained large “patches” of
sulphide, resulting from the application of diffetecooling rates, these generally seem to
have higher fracture toughness than the same ralatgth fewer patches, it was also noted
that there were differences in the cleavage imtaimodes, these may have arisen from

different inclusion surface features.

Weld metals are treated with warm prestressing (WB8cause after this operation the

distribution of cleavage fracture initiators chasgeReed and Knott [113, 197, 198] used
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A508 weld metal and showed that after WPS treatsehé low-temperature fracture
load/fracture toughness increase, this was prignalile to the compressive residual stress
distribution generated during the WPS, also itssoaiated with the change in nature of the
fracture initiation sites. When looking at speara¢hat were not treated with WPS, initiation
sites corresponded to the largest inclusion in ell“aehaved distribution”, whereas for WPS
specimens they are associated with inclusions witkize close to the mean of the size
distribution, large inclusions were observed toehawids around them. It was concluded that
during WPS treatments the inclusion matrix integféor large inclusions was decohered at
low levels of strain, thus they could not act asavhge initiation sites following low
temperature fracture. Under these condition fractweed to be initiated by a smaller
inclusion without interface decohesion so thatistiadlly determined critical distanceyXn

the Ritchie, Knott and Rice (RKR) [199] model isachanged in comparison to the non

WPS specimens.

As shown in Fig. 3.23 if cleavage fracture occutsraluctile crack growth, the inclusions in
the weld material may not be the cleavage initiatorhis is due to the fact that local
conditions under which cleavage fracture begineadhof a blunted crack tip are not the same
as those ahead of a sharp crack at low temperagagaise the plastic strain distribution ahead
of the crack-tip is different in both cases. Ile flormer case the plastic strain over a large
distance is very high so that any likely inclusiarcrocrack nucleus produced near the yield-
point strain would be blunted to become a non-emticrack nucleus for cleavage fracture,
see Fig. 3.23(c) and 3.23(d). Knott [113] therefsuggested that any microcrack nucleus
would have to be newly formed in a conceptuallyedént set of particles. Zhang and Knott
[200-202] also demonstrated that ahead of a fibignesving crack, voids formed around
inclusions and cleavage is nucleated between ilciasprobably on MAC products.
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3.3.2The Ritchie-Knott-Rice Model

Ritchie-Knott-Rice (RKR) [203] used experimentatalrom blunt notched four-point bend
specimens for values e and combined these with crack tip stress fieldsiobd from a
finite element solution (i.e. stress-strain disitibn ahead of a sharp crack [204] or blunt
notch [163]). The objective was to incorporate naiscale fracture properties, e.g. cleavage
fracture stressr and the characteristic distance, ¥ito the prediction of fracture toughness
parameters (J, CTOD anddX has been made as cleavage fracture is stressolbecht
Measurements were obtained faog Kor high-nitrogen mild steel, using conventionadture
toughness methods. Consistency among the resast®btained for a characteristic distance,
equal to two grain-diameter, Fig. 3.24. The RKRcfure criteria model can be combined
with fracture mechanics analyses to derive a génexpression for cleavage fracture
toughness, k:

_[(”“1)) 1 5
0,
Ke=8"2%'X2 —F(m .. .(3.43)
o,
where 3 is the amplitude of the RKR stress singularity

oys Isthe yield stress

n is the strain hardening exponent.

Therefore from the knowledge of microscopic parargtX, n, or andoy and considering
these are temperature independent, the microstalictiemperature and strain rate
dependence of the fracture toughness in steeldbeastimated. Kshould be empirically

determined.
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3.3.3Statistical Approach (RKR) model

Curry and Knott [158, 191] investigated the graimesdependence of the characteristic
distance X. There was no simple relationship of significarfoend between the two
parameters, as shown in Fig. 3.25, it can alsceba that the characteristic distance is about
four times the grain size, this applies to gramnueters greater than 4. Based on carbide
size, Curry and Knott proposed a probabilistic mddepredict fracture toughness,cKthis

followed on from their modification on the RKR madde

where r is the mean particle radius and Y is dimensionlaasiber derived from carbide
particle and crack - tip stress distribution. @uand Knott's [158, 191] modification and the

RKR model are of the same form.

In order to find a particle larger than the criticaze that will nucleate cleavage the
characteristic distance is used as a measure ofidberial volume. In a testpiece containing a
sharp crack, the critical size of the cracked ahrhmaries with the distance from the crack-tip
due to the stress gradient ahead of the sharp,dradther words larger particles will need
lower stresses to nucleate cleavage and vice vérsas fracture is controlled by a statistical
competition among crack nuclei of varying frequescand sizes. It has been suggested for
blunt notched testpieces, the largest cracked aarparticles will define the microscopic
fracture stress because of the absence of a miecastally significant stress gradient and
large sampling volume. From the carbide size iistion and the relationship with carbide

size and the microscopic cleavage fracture sttbgy, predicted fracture toughness values
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which displayed good agreement with the experimemtsults obtained for quenched and
tempered steel.

As a consequence of the work carried out by Cung lanott into the effects of carbide size
distribution on temperature dependence of fractoughness many researchers have looked
into the influence of cleavage crack initiators,iethhave found non-metallic inclusions or
carbides to be the source, there has been ateseérch carried out into weld metals. Bowen
used an A533B pressure vessel steel to examirgefhendence of cleavage fracture stress,
and fracture toughnessXfor a wide range of microstructural conditionswias noted that
the experimental values obtained for the Knodel were in poor agreement with those
predicted for the RKR model.

3.3.4The relationship between microscope cleavage fraatel

stress ¢*¢) and macroscopic toughness parameter K

Ritchie, Knott and Rice [203] first discovered thalationship between the microscopic
parameter of cleavage fracture stress) (@nd fracture mechanics methodology. Rice and
Johnson [204] had published a paper similar tof@riand Owen concerning finite element
analysis of a stress field ahead of a bluntinglgratere as Griffiths and Owen [163] had
used a blunt notch. It was postulated that unstdidcture happened when the stress
intensification at the crack tip increased the gahti the maximum principal tensile stress
(oyymax) to above that of microscopic cleavage fractage, Also it was noted that the distance
had to be included for the model to be dimensignedirrect. “Characteristic” distance was
thought to be microstructurally dependant and datexd approximately by two grain
diameters. The RKR model suggest both the fracitness and the critical distance were
independent of test temperature and thus temperdependence of K could be calculated
from the materials variation of yield stress andrkAry hardening rate in relation to test

temperature.
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3.4Ductile Fracture

Ductile fracture has not been investigated as maghorittle fracture, as brittle fracture is
generally regarded more potentially dangerous gireering practice. The mechanism for
ductile fracture is characterised by a rough fractsurface, showing cup-like depressions
which are called microvoids, these are charactérise equiaxed, parabolic or elliptical in
shape [40]. The mechanism of fracture is wher&leymicrovoids form and grow which then
proceeds by localized internal necking of the maléetween the microvoids Fig. 3.26 [205].
As the load increases, necking continues and allihwgsligaments between voids to fail
linking up the microvoids (coalescence) such, témaining ligament of material cannot
support the applied load and thus final failure ussc[206-208]. Microvoids nucleate
heterogeneously on hard second phase particlestioe grain boundary triple points in high
purity metals. Generally, voids occur around &t which have very weak interfacial
bonds, this occurs at strains close to zero, agthowell bonded particles may crack, thus
forming void nuclei. Numerous authors have defiogtical void nucleation stressd) as the
sum of the mean local stress,{) and hydrostatic stressy() due to strain hardening in the

vicinity of a second phase patrticle.

g.=0,+%0, .. .(3.45)

this can be expressed as an average strain fonuaigation oky

1

g2 =H(o, -0o,) .. .(3.46)

where H is a constant
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Conversely, it was concluded that the average atiole strain,ey, did not describe
accurately the real nucleation events, it wasHdaci[206] whom suggested that nucleation
could be more accurately modelled by the knowleafgearticle size and spatial distribution

rather than an average strain level.

The mechanism of ductile failure combines both eattbn and growth of voids. Numerous

researchers [205, 209, 210] have modelled the groftvoids during ductile failure, but it is

the model by Rice and Tracey [211], which is mostigely accepted and used. Their
research modelled a single isolated void growindeurthe action of a triaxial stress state.
The effects of work hardening on void growth by thplacement of yield stress by effective
stress were included in the model. This model/tod growth has been used and modified by
many authors, except it does not describe failunere voids interact and coalesce. Ductile
failures occur when plastic instability initiatescélised bands of deformation between voids,
these tend to be regions of high strain. A model ductile failure was developed by

Thomason [212], in which it was assumed that fr&ctaccurs when the net section between

the two voids reaches a critical stress lexg).

Ductile crack is stable if:

o g, .. .(3.47)

_—>
n(c) d+b

thus fracture occurs if

Un(c)mzal .. (348)
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where 2d is the distance between voids
2b is size of void in the direction of the stress,

o1 maximum principal stress

3.5Ductile-to-Brittle Transition Region (DBTT)

The ductile-to-brittle transition region is of majonportance when selecting materials for
engineering use. The philosophy of design is tecsea material which exhibits sufficient
notch toughness when subjected to rigorous semtcwlitions so that the load-carrying
ability of the structural member can be calculddgdstandard strength of materials criterion
without considering the fracture properties of thaterial or stress concentration effects of
cracks or flaws [40]. In the case of low and metistrength BCC materials the transition
region is very important, as notch toughness isnglly dependant on temperature. BCC
metals show a strong temperature dependence of el shear stresses and this is reflected
in ductile-to-brittle temperature.

Specimen geometry and hence stress also infludmeeDBTT greatly. For instance, a

reduction of the specimen dimension significantdguces the transition temperature due to
the absence of a triaxial stress state. Conversedy addition of a stress raiser (notch)
significantly increases the transition temperatsethe root of the notch introduces triaxial

stress state.

In the previous section it is has been extensidedgussed that a critical value of principal
tensile stressr must be achieved at the critical distance aheatleofdvancing stable crack
for cleavage then to occur. Thus, if the stresellés not attained in the process zone the

testpiece fails by plastic collapse or generaldyrey.
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For Charpy impact tests, the transition regionharacterised by “ductile thumbnail”, the

initial growth of stable fibrous crack growth, bedocleavage fracture occurs. The cleavage

brittle to fibrous ductile transition behaviour BCC metals can be explained by numerous

reasons [113, 144, 213]:

1.

Increase in the strain rate caused as a conseqoénocereasing the rate of ductile
crack growth would be sufficient to increase thealdensile stress ahead of the crack

tip above the critical cleavage fracture stresslaette cleavage fracture proceeds.

In the situation of heterogeneous materials suchvels metals, the ductile crack

grows across different microstructures within treddvmaterial. Therefore the process
zone ahead of the crack samples regions with difteioughness, therefore a region of
low toughness is within the process zone. Thu<titieal tensile stress for cleavage
failure may then be exceed for this brittle regamd a crack could appear. Although,
if the tougher material surrounding the crack i$ able to arrest, then catastrophic
failure will ensue. The brittle region within thveeld could be characterised by a
region of large grains, coarser hard cracked paestior any discontinuity, making

cleavage fracture in heterogeneous materials igt&tat process.

If we consider a testpiece with a stress-raisinfgatan it, or a notch, under applied
tensile stress, the notch beings to open and dutedring begins at the root. This
region just below the notch can form a crack, dmetafore sharpen the crack, thus
increasing the levels of stress in the specimenBe sharpening of the notch root
depends strongly on the strain hardening coefficdémhe materialn. Low values of

n result if a sharpened fibrous tip, where as higlues ofn lead to a blunted ductile

crack tip. Cleavage fracture of a catastrophiamats more likely to occur and be

aided by the first situation.
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3.6Intergranular Failure

When considering the transition region it is impattnot to ignore fracture that occurs by
intergranular micromechanisms. Both brittle fraetand fibrous microvoid coalescence can
occur intergranularly in a manner similar to trarasgilar crack growth. Intergranular failure
is associated with alloy element segregation tingsaundaries, thus reducing the cohesive
strength of the material. In high-strength forgstgels intergranular fast fracture has been
know to occur down the prior austenite grain bouiedadue to their embrittlement by minor
impurity elements such as phosphorus and sulphigrsegregation mechanism can lead to a
low energy crack path for fracture to follow [224,5].

Transition to intergranular fracture from transgrian fracture has been observed and often
accompanied by a significant reduction in fracstress. A modified Griffith equation can be
used to explain the transgranular fracture asréorsgranular cleavage fracture stresg, is

replace byy’:

V=2y= Vs tV, ...(3.49)

wherey, andys are the same for cleavage fracture gt the negative term associated with
separation of grain boundaries. Impurity segregatieduces both fracture stress and
values. The process of brittle intergranular fmeetmust include bond breaking, work
hardening, dislocation motion and a descriptiothaiv individual impurity elements reduce
the strength of bonds, a greater understandindisf tas been achieved through various
models. It is possible for intergranular fracttweoccur in a fibrous manner by the linking of
voids around second phase particles, for this tuothe alloy must exhibit high density of
weakly bonded second phase grain boundary partetesshow few particles intergranularly.
Intergranular microvoid coalescence (MVC) is gehligraare when operating at low

temperatures, as MVC is a lower energy crack padlh transgranular cleavage is not often
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found. However occurrence of these failures cazuiom “overheating” of low alloy steels,
where a fine array of sulphide particles are dsted on the austenite grain boundaries

leading to only local grain boundary plasticityetéfore low energy linkage of voids and
particles.
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Chapter 4 - Experimental.

4.1Introduction

The Welding Institute (TWI) during the 1980’s cadiout an experimental programme for
the Nuclear Installations Inspectorate (NIl) to estigate the effects of several welding
parameters: weld consumables (NiMo and NiCrMo), tpesld heat treatments (both
American and European practices) and the extrerhdeeat inputs of those envisaged in
practice (lowest 2.6 kJ/mm and the highest 5 kJ/if21§]. Fracture toughness and Charpy
impact tests were carried out using full thicknaed small-scale COD specimens followed
by metallographic examination. During the expentaé procedure microstructural
evaluation was only considered in notched COD specs in the weld metal and HAZ
regions. Recently extensive work has been caoigadn C-Mn weld metal steel showing the
microstructural effect on Charpy impact toughnesdath an as-received and pre-strained
condition [13]. Following on from this Wenmen [14{udied this effect on an as-received
condition of an A533B weld and Patriocinio [15]dieed the microstructural effect on Charpy
impact properties of A533B Class 1 weld metal ie #s-received, pre-strained, pre-strained
and static strain aged conditions. As a resultheke studies a programme was started to
study the fracture toughness properties of MnMoMIdametal, with similar composition to
those use in the fabrication of Sizewell B, in &sereceived and pre-strained and static strain

aged conditions.
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4.2Experimental

4.2.1Material

The material used in the study of this work was @WANi weld metal produced by ESAB
Group Plc and was commissioned by the Nuclear llagtans Inspectorate Health and Safety
Executive (NIl HSE) in 2000. The weld was desigried. base metal, welding process
parameters and consumables where chosen) to praduekl of similar characteristics to the
start-of-life of the Sizewell B reactor pressuressed (RPV). The composition of the weld
material is presented in Table 4.1; however theeeshght variations in composition, mainly
in the copper content, due to the use of coppetiedoalectrodes in the welding process and
the welding parameters from the guiding procedusesl during the construction of Sizewell
B. The weld was accordingly deposited by a mutgpaubmerged arc welding technique
(SAW), using C-Mn parent plates. The welding pagters and post weld heat treatment are
given in Table 4.2 and 4.3. The weld was supghetthe form of C-Mn plates, approximately
25mm thick and 150mm wide, in 500mm lengths. Tleéwpreparation was “V” shaped with
a 25mm base and a%bBevel supported with a backing plate 12.5mm tlaic 50mm wide.

A digital camera image and a schematic diagramnasareceived (AR) weld metal piece are
shown in Fig. 4.1. The macrostructure of the waldwing the welding sequence and size of
the as-deposited beads and reheated regions axa sid-ig. 4.2 (Weld K1) and 4.3 (Weld
N°2). The macrostructure was revealed by takingstrarse cross-sections which were
ground sequentially on SiC papers to P1200 graoleshed on diamond wheels to 1lum and
etched in a solution of 5% nitric acid and 95% etia The weld microstructural regions
after PWHT procedure are labelled AR here, Fig. 4.4

4.2.2Materials Plan

At the beginning of the project material was acedirfrom a previous experimental
programme [15], therefore was limited in supplyd aised for the initial assessment of crack-
tip opening displacement (CTOD) values. An add#iol0 meters of weld (20 pieces) were
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fabricated (as the experimental programme exparideithe same specifications as the initial
weld metal. The batches were labelled as Wéld (for the original weld) and Weld® (for
the New Weld). For the first weld batch, no atiemtwas paid to individual weld piece
labelling and therefore no record for individuakspnen history exists. For the second weld
batch, however individual pieces were coded andrefiered to as Weld -1, ...., Weld
N°2-XX. Therefore the history of all specimens maekifirom this batch is known.

4.3Thermo-Mechanical Heat Treatments

Mechanical and fracture toughness properties oldhealloy ferritic steel weld metal have
been evaluated for both microstructures: as-degbs{AD) and reheated (RH) in two
conditions, namely: as-received (AR) and 5% colfbiieed and static strain aged at 300

for 2h (5%SA). The thermo-mechanical heat treatsetilised in this study are described

below.

4.3.1Cold Deformation Procedure

Slices were removed from the as-received main weldand then subjected to a 5% nominal
strain. These slices measured approximately 12mrthickness. The cold deformation
procedure was completed using a calibrated 3000Ddvsion Press, direction of the
prestraining was perpendicular to that of the wajddirection. The amount of plastic
deformation was determined by measuring the thiskoé the specimen both before and after
the prestraining procedure at 3 different pointBhe samples are placed, one by one in
between two anvils (extremely hard flat dies) vitie top and lower surfaces lubricated with
oil to reduce the frictional resistance betweenshdaces which are in contact. The mean
and standard deviation values were than calculfdedeach specimen, thus an average

thickness measurement is quoted. The amount sfipldeformation was shown to be within
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a constant range of 5£0.6%. A schematic diagranthefcold deformation procedure is
shown in Fig. 4.5.

This prestraining treatment was used on the weldalnte simulate potential effects of
irradiation. It should be noted that the cold defation process was applied to the weld
blocks they and were subsequently machined intorgyharack-tip opening displacement
and blunt notch test specimens works in compressiim avoid the Bauschinger effect [40,
41] the tensile specimens, were electro-dischargehmed (EDM) from the weld blocks in
the AR condition and plastically deformed in temsithen statically strain aged, before being

tested at the desired temperature.

4.3.2Static Strain Aged Condition

The pre-strained specimens from both the AD andniétostructures were then thermally
treated for 2 hours at 300£15 using a Lenton vacuum tube furnace to protecspezimen
surface from oxidation. The temperature of the treatment is similar to that of the normal
operating inlet temperature of a PWR, which is agjnately 296C [6, 9]. The operating
pressure of the Lenton vacuum furnace chamber glthia treatment is 1.33 fPa. These

specimens are labelled as (5%SA).

4.4Material Characterisation

4.4.1Microstructural Analysis

The microstructure of the weld metal was examingdaking transverse cross-sections from
the bulk material, Fig. 4.6. These were preparetbring to a standard metallographic
preparation route. Plane grinding of the samples wompleted to remove damaged or
deformed surfaces of the weld metal were plane igtoan SiC papers to 1200 grit, fine
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ground on 9um diamond paste and then finally petisbn 3 and 1um diamond paste and
etched in 2% Nital to reveal the microstructurethed weld. The microstructures were then
photographed using a Carl Zeiss Axiolab optical roscope with digital image capture.
Some of the micrographs taken were then used #n @gize analysis by the linear intercept
method, as well as using the KS-400 image anadgdtsvare to analyse phase area percentage
[40, 217].

4.4.2Inclusion Analysis

Inclusion analysis was carried out on both Wefd Bnd Weld 2 for samples from each of
the weld metal regions; AD and RH microstructureshie as-received (AR) and 5% strain
aged (5%SA) conditions. The samples were moumegksin, ground and polished. The
unetched sections were observed and photograpliegl ai$hilips XL-30 scanning electron
microscope (SEM) in the secondary electron modagukigh contrast. Nine fields were
sampled randomly without overlap for each samie;gictures were analysed using KS-400
image analysis software. The inclusions appeadaak areas on a light grey background
allowing the size and number to be measured foh gdmtograph. An off-set inclusion
diameter was used of 0.2mm); therefore inclusiordeurthis size were not recorded. The

spatial distribution of the inclusions were caltathusing the following relationships [218]:

d, 77

— = ...(4.1
q. 2 (4.1)
N, = N,dv ...(4.2)

N, = n(av)g .. .(4.3)
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S = 7Nv(d_v)2 . (4.4)

.. .(4.5)

Ne—
Wl

A, = o.ss{i
NV

Where Ev is the arithmetic mean 3-D diameter

da s the arithmetic mean 2-D diameter

Na is the number of inclusions per unit of area

N, Is the number of inclusions per unit of volume

V, Is volume fraction

v Is the mean inclusion centre to centre volumeisga

S is the inclusion surface area per unit volume

Energy dispersive X-ray (EDX) was used to analylse themical composition of the
inclusions, which was carried out using the Philfis30 SEM, using broken halves of the
Charpy and CTOD specimens. During the qualitatikemical analysis, the electron beam
was positioned at the centre of the inclusion. kWay conditions were kept constant, i.e.

accelerating voltage of 15 kV? @It and a working distance of 10mm.
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4.4.3Glow Discharge Spectrometry (GDS)

A LECO GDS-750 QDP Glow Discharge Spectrometer wsed for GDS analysis. The
machine, working a quantitative surface depth prqiQSDPA) programme, enables a rapid
determination of the chemical composition profiles, composition in wt or at % vs. depth

from the surface. The GDS machine has a deptidiion of approximately 100um.

4 5Hardness Tests

Both macro and microhardness testing were cartig¢dooexamine the effects of pre-straining
and thermal ageing treatments (5%SA) compared twélas-received (AR) condition of both

the AD and RH microstructures. Hardness measureloeations were chosen to correspond
with the region of the weld sampled by Charpy, sldwnt notch tests and CTOD fracture

toughness and tensile test specimens.

4.5.1Macrohardness

An Indentec Hardness Testing machine was used feasoring macrohardness with an
applied load of 20kg and a 10 second dwell timeacidhardness profiles were taken to
evaluate the effects of thermal cycles, from thdtipass welding procedure. Three profiles
were taken from both the AR and 5%SA conditionartstg from the parent plate material,
crossed the heat affected zone (HAZ), as-depogiddd) weld bead and reheated (RH)
regions, shown in Fig. 4.7, the profiles were ledahccording to where specimens are located
in relation to the weld macrostructure. Hardnesmsarements were taken at intervals of
1mm and carried out on polished samples measulg@®4mm, removed from the bulk

material.
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4.5.2Microhardness

Microhardness measurements were performed usingi@téyo MVK-H1 Microhardness
testing machine, using an applied load of 50g addiell time of 10 seconds. Measurements
were taken at 0.1mm intervals in the middle of tihyg weld bead in the AD microstructure,
Fig. 4.8. A second trace was located close to rib@ of the weld within the RH
microstructure. Microhardness measurements wekentan both the AR and 5%SA

conditions.

4.6Tensile Tests

Tensile testing was completed using a Zwick 148€8®riven Machine with a 200 kN load
cell, at a cross displacement speed of 0.5mm/rhiow temperature testing (-196 to 20
was completed using an insulted low temperature. baiquid nitrogen was used to achieve a
temperature of -196€. Temperatures -160 to <ZD were obtained by allowing liquid
nitrogen to boil off. Specimens were “submergedthie required medium or vapour until the
necessary temperatures were reached and stabilisieith +3°C. Test temperatures were
monitored by attaching a thermocouple in the vigioif the specimen gauge length. Except
for the room temperature tests (where an extenssnveds used), the elongation of the

specimens was calculated from the cross-head desplant.

Load versus displacement curves were converted @ntpneering stress-strain curves and
plotted for individual tests. An extensometer vedtached to specimens tested at room
temperature to achieve calculations of 0.2% yidless,cyo20 and Young’'s Modulus of

elasticity (E). Following testing these values @vebtained through expressions of the type;

S=— ...(4.7)
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and,
ez%, AL=L, -L, ...(4.8)
where s is the engineering stress.

P is the applied load.
A is the area under fracture.
e is the engineering strain.

AL is the increase in gauge length.

where ors and oyo20 Can be obtained using maximum load and load a% Os?rain

respectively. True stress-strain values were aelieising the following relationships

o=sle+1) .. .(4.9)
and
£=In(e+1) .. .(4.10)

where the work hardening exponen} yalues can be obtained using the simple poweresur

relationship (Holloman’s equation) for strains oghe tensile strength [41];
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o=Kg" .. .(4.11)
where o IS true stress.
€ IS true strain.
K Is strength coefficient.
n is the work hardening exponent.

Due to the extent of the tensile testing progranantest matrix was required, this detailed
orientation, microstructure geometry and test teatpees, shown in Table 4.4. Fig. 4.9
details the tensile test specimen geometry and &I illustrates where specimens were
removed from in relation to the microstructure. should be noted that different tensile
specimen geometry were used due to the size ofi¢hd metal being sampled for WeldIN
and Weld N2 for the mixed microstructure condition only, F11 shows the specimens
unbroken. Even so, the location of a tensile galm®gth uniquely into a single

microstructure is difficult.

4.6.15% Plastically Deformed and Strain aged at 30

For the 5% plastically deformed and strain agegikerspecimens, these were deformed in
tension at room temperature up to a nominal plafformation of 5% and then unloaded.
The elongation of 5% was measured using an extegteorattached to the tensile specimen.
The specimens were then placed in the vacuum faraa@00+1%C, the specimens were

tested within one week to avoid the possible effed¢tnatural ageing on the flow properties,
previous research showed this could be an effégt [Also it should be noted that the new
gauge length and area after the 5% plastic defasmarocedure were used to determine the
engineering stress-strain curves. These tensdeirsiens samples individual microstructures

(AD and RH), were tested across the temperatuigerah-160 to -4%C.
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4.7Charpy Tests.

Ductile-to-brittle transition temperature (DBTT) rees have been established over a
temperature range of -196 to 2@0in order to determine the ductile to brittle B#ion
temperatures of the materials investigated basedwan criteria; (i) the 7, transition
temperature, which is a location parameter deflmetitting the obtained DBTT curve with a
Tanh curve, and (ii) the transition temperature, i relation to the onset of upper shelf
(100% microvoid coalescence). The causes of fihave also been examined over the test

temperature range.

Charpy impact testing was performed according tbidBr Standard BS 131: Part 7: 1989
[219] using Charpy specimen with the dimension 6k10x55mmi. A Charpy V notch
inclusive angle of 45a depth of 2mm and a root radius of 0.25mm washinad at the

centre of the specimen, as shown in Fig. 4.12.

Charpy impact testing was completed using a 30Gtidn PW30 Charpy Machine calibrated
accordingly to BS 131: Part 7: 1989 [219], at terapges in the range of -196 to 200 The
specimen was located on the anvil and impacted bhgramer where the difference in the
potential energy before and after fracture wasmembas the energy absorbed, see Fig. 4.13.
Different test procedures were employed for Chagsts below room temperature and at
elevated temperatures. Test temperature werevachigsing mediums of liquid nitrogen (-
196°C), and a mixture of methanol and liquid nitrogetDQ to -26C) ice water (8C). These
temperatures were measured using a thermocougehatt to the specimens so that the
temperature could be monitored within’€2 which was attached closely to the notch root of
the specimen. Specimens were submerged in theumeddr 15 minutes to ensure
temperature stabilization throughout the wholeisadbefore testing, which was then carried
out within 5 seconds of the specimen being remdk@d the medium. For tests carried out

at elevated temperatures, a BLT (B. S. 2648) fuenaith a Eurotherm temperatures
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controller was used; transfer was carried out vtlseconds in line with the standard

procedure [219].

After fracture, the broken specimen halves werehedsin acetone and later removed for
fractographic examination. Fracture surfaces weeasured and photographed using a Lecia
VMZ 50 light microscope with attached measuringgseta In addition to the impact energy
absorbed by fracture the specimens and several ptbgerties were measured on the fracture
surface, Fig. 4.14; including cleavage area (paaggnof crystallinity) CA, lateral expansion
on the compression side of the specimen, LE, agutttimbnail size, DT and shear lip, SL:

* Ductile thumbnail size is defined as depth of dactiacture area below the notch
root;

» Cleavage area is defined as a total area of cliyg&tadortions on the fracture surface,
expressed as a percentage of the original crossisegcea of the specimen below the
notch (80mr);

» Lateral expansion is defined as a difference batvike increased thickness (defined
as the height in standard [117] -the vertical disi@m of the specimen when placed in
the testing position) due to distortion at the posi of impact by the pendulum
hammer and the original specimen thickness (10mm);

* Shear lip size is defined as the maximum dimensiothe shear lip in the thickness
direction. The average shear lip is the averagasored for the two shear lips on the

fracture surface.

Sigmaplot was used to plot the absorbed energyvél)es against the corresponding
temperature°C). Hyperbolic tangent curves (Tanh) were weigtied to these data using
non-linear regression analysis. Values of ductHbrittle transition temperature (DBTT) for
each of the microstructure and as-received anthstiged conditions were compared, hence
temperature shifts were obtained. Hyperbolic tahgerves fitted to each set of data using

an expression of the type:
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T-T
E=A+ Btam{ c 0] .. .(4.12)

where A,B are constants, (A+B equals the uppelf #mergy and A-B equals the
lower shelf energy)

T is dependant variable of test temperature
To is a location parameter defining the curve ontémeperature axis
C is a constant defining the shape of the curntle transition region.

The main stages in the regression model are as\®il

« fitting Charpy impact energy data for specific conattion of material (weld);
« determination of the temperaturegoJ, for the as-received and strain-aged conditions
(from individual fitted curves) and calculation &T 4o, for a particular combination of

conditions.

Two potential drawbacks were identified with theoad approach, one in relation to the
methodology and the other to the choice of curselfit The DBTT was then defined at the
40J energy levels in the evaluation procedure usiaglata obtained from the Charpy Impact

tests.

Ductile thumbnail extensions (DT) in the DBTT cam dstimated at the 40J energy level for
the weld microstructural conditions in the AR affd®A conditions through the curve fitting
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procedure of the ductile thumbnail versus absodyextgy data using linear regression of the

general form:

C\ uosy = Yo +a(DT) ...(4.13)

thus

DT = Cvws = Yo .. (4.19)
a

where yand a are constants andgfsy)is the absorbed energy value at the 40J level.

4.8Slow Blunt Notch Bend Tests

The approach utilized here uses the FEM elastistiplatress analysis of Griffiths and Owen
[163] for the finite element (FEM) calculations thfe stress and strain fields surrounding a
blunt notch. This analysis estimates the maximuimcipal tensile stresso{ymay ahead of
the notch root essential to promote cleavage fradtu steels. Specimen of two sizes were
tested; Charpy size specimens (10x10x58)rdimension with a notch geometry of one third
of the specimen width (3.33mm depth) and 0.25mnt radius and specimens matching the
original sample size of (12.7x12.7x75Mmwith a notch depth of 4.33mm and a root radius
of 0.25mm are detailed in Fig. 4.15 [220]. Thechots one third of the specimen width
ensuring general yield plastic deformation occumoss the minimum section; the notches
were EDM machined precisely to prevent any plagétormation prior to testing. Testing
was performed in four-point bending as illustraiedFig. 4.16 and in an insulted low
temperature bath. The tests were carried out2®’€lto allow the specimen to fail prior to
general yielding. Desired test temperatures wetdeaed using liquid nitrogen -1%9@.

Temperature was monitored by attaching a thermdeouqto a drilled hole, which was



Page|103

located mid-section of the specimen, 3mm from tbé&cn root to allow for metal-metal
contact. The specimen was held at required teryyeréor at least 15 minutes and controlled
within +3°C, prior to loading at a cross-head displacemetat of 1 mm/min. Tests were
carried out using a screw-driven Denison Mayes mm&chkvith a 50 kN load cell. The

nominal stresy,om Was obtained from the tests as described bel6@][1

. :ﬁ and M :%L .. (4.15)
Where M is the bending moment calculated in tloref®ur point bending
L is the difference between the inner and oudbens
P is the fracture load
B is the specimen thickness
W is the specimen width
a Is the notch depth

g
Unom ratio obtained at -196 from vyield strength values allows the appropriato of the
y
largest values of the maximum principal stresgn(ay) to the yield stress, from the results of

the FEM analysis the stress intensification fa&aran be determined from Fig. 3.22, thus the

maximum principal stressyymax Can be calculated by:

R = Cyymex .. .(4.16)
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Oyymax Values compare to the valueg, and og*, where oy, is the calculated stress at the
position of a cleavage facture initiation site (FI®und from the FEM analysisyymax from

the plot of maximum stress versus distance fromnitteh root at various loads, Fig. 4.17,
og* is the calculated stress for an initiation indtussite found by the CIS predicated by the

modified Griffith type equation for a penny shaedck.

[ Ey, T
gp{l 4 } . (4.17)

Where E Young’s Modulus

d is the diameter of the initiation inclusion
v is Poisson’s ratio
Yp Is the effective surface energy

4.9Crack Tip Opening Displacement (CTOD)

CTOD is an elastic-plastic fracture mechanic patamesed to characterise the fracture
process, the specimen dimensions used in the stedy prohibitively small to allow the
determination of valid plane strain fracture touggsy Kc values. CTOD tests were
performed in accordance to the procedure describ®&8E 7448: Part 1. 1991 [149] and BS
7448: Part 4: 1991 [161], on a Dension Meyes Gr@MG machine fitted with a 50 kN load

cell.



Pagel|105
4.9.1Test Specimens

Specimens measuring 13x25x80mmere cut and machined from the bulk material; the
specimen size was reduced to square cross-sechendl specimens of nominal dimensions
of 10x10x55mm (pre-cracked Charpy specimens) Fig. 4.17. Aftetirg (similarly to the
Charpy impact test specimen with the transversehnotientation) the full transverse cross-
sections had to be etched to reveal the macrosteibiefore the specimen location could be
marked at the desired position and the speciman iechined to it final dimensions. Two
specimen locations relative to the weld were setbat such a way that the fatigue precrack
tip sampled either the AD or RH region. A notchswaachined at the centre of the specimen,
for the AD region, the notch was located within thegest weld bead at the centre of the
specimen. Notch orientation relative to the weltl aschematic representation of the
specimen sampling AD and RH microstructure, is showFig. 4.18.

4.9.2Fatigue Precracking

Fatigue precracking was carried out on specimen®@h temperature using an Amsler
Vibrophore machine with a 20kN capacity. The maximfatigue precracking force {F
during precracking extension was lower than 4.2kith the maximum stress intensity factor
(Kq) not exceeding 20MR@. Ko was calculated using the following equations [1481,
221];

Ko :P—Sﬂf(ﬁj .. .(4.18)

and
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f(ﬁj _ 3(33}-{1_99—(\}33)(1-@( 2.15_153.3vaao ) Z;Z/ao H
)

.. .(4.19)

Where f(%) is a compliance coefficient for a three-point bepdcimen

P is a relevant load used in the fatigue precraggrocedure
S is the span between out loading points
B andW are the specimen thickness and width respectively.

The load ratio used was:

n =01 .. .(4.20)

where Rinand R, are the minimum and maximum loads applied overfaligue load cycle

respectively.

4.9.3Potential Difference Technique

The potential difference technique was used to oreathe status of the fatigue precrack.
Wires were spot welded either side of the notcl2]2Z'he fatigue precrack was initiated and

extended from the notch and grown to a correspgniingth of% = 045- 055. Current

was applied through crocodile clips which were cteal to either end of the specimen,
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providing an initial voltage of 100uV. Variation voltage was then used as an indication of

the extension of the fatigue crack, using the fellg polynomial curve fitting equation

3 2
3 ¢ Vi|=00212Y | ~0136% % | +03567 1 |-00374 . (4.20)
Wy, V, v, V,

relating to the decreasing notch cross-sectiontduke crack extension as a consequence of
increasing voltage. The equation was obtainedutfitousing replicas on both sides of
randomly selected specimens to measure the craekisan relative to a specific voltage

across the notch, during the fatigue precracking.

4.9.4Testing

CTOD testing was performed on the fatigue precrdck@mple on a DMG machine fitted
with a 50kN load cell and testing was carried ouaccordance with BS 7448 Part 1: 1991
[149]. Samples were tested using a three-point lmamfiguration with a 40mm span, the
cross head displacement was 1mm/min, with the gdipge seated on external knife edges,
shown in Fig. 4.19. Tests were carried out ovem@e of temperatures from -196 tdQ0to
achieve low temperature the testing configuratias wlaced in an insulted bath and filled
with liquid nitrogen, and cooled in the vapour frotme boiling liquid nitrogen. The
temperatures were monitored using a thermocoumee! in contact with the specimen

surface within 2mm of the fatigue precrack tip aodtrolled to within an accuracy of 2@

After the specimens have fractured, the fracturéasas were examined to determine the
fatigue pre-crack length and the amount of statdekcgrowth preceding brittle fracture. The

fatigue pre-crack original crack length,, avas measured at nine equally spaced positions
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along the pre-crack front. This is obtained byrageing the two outer points’ measurements
and then averageing the seven inner points, 2§, 4149, 161, 221].

CTOD values were calculated using the followingrespion [149, 161]:

. (4.22)

5{@ fo(&ﬂz f-v?), odw-a,),

BW®* °\W)| 20,.E 04N +06a,+Z

where P load
B thickness of specimen
W width of specimen

S loading span

Poisson’s ration

<

oys 0.2% proof stress temperature of the fracturelioegs test
E Young’s modulus

F2Y) original notch length

4 distance of clip-gauge location above the s@rfaicspecimen

Vp plastic component of the clip gauge openingldisement

f{%} Walker and May compliance function
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For three point bending using an overall span exispen width ratio S(=23N of 4:1. The

stress intensity factof, = [%} is defined as:

fo(i): 1_9{&) -3,07(i) +145{3) —25.1J(iJ | 258(1(3) .. (4.23)
W W W W W W

Depending on the load versus clip gauge displacearahthe amount of stable crack growth,
Aa, prior to brittle fracture, the following notati® are used for CTOD, and defined in BS
7448 Part 1: 1991 [149]:

* Jc- critical CTOD at the onset of brittle crack ex¢eon whema is less than 0.2 mm;

* 9§y - critical CTOD at the onset of brittle crack exééon whema is equal to or greater
than 0.2 mm;

* Oy - value of CTOD at the first attainment of a madimforce plateau for fully plastic

behaviour.

4.10 Fractography

Charpy impact specimens fractography was perfororesdne broken half of the selected
specimen which were tested in the lower and uppelf £nergy regions, as well as in the
transition region. Selected halves of tensile;tiree toughness specimens were also analysed,
whilst both halves of the blunt notch specimensanetamined. Fractography was carried out
using an Philips XL-30 SEM, Jeol 6060 SEM and anathi-4000S FEG SEM at an
accelerating voltage of 20 kV andt.
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When utilizing energy dispersive x-ray microanadydDX) an accelerating voltage of 15 kV
was used to improve the clarity of the inclusioralgsis. Specimens exhibiting brittle
fracture were examined for cleavage initiationsg€lS), these were located by tracing the
macro and microscopic river lines characterisirgyftcture surface. Once a site was located
measurements were taken of the distance from teenack (CTOD) or blunt notch root
(where relevant) together with the sizes of theugrof the cleavage facets were made for an

estimation ofoxg values.

Groups of cleavage facets were defined subjectiadyindividual facets were not precisely
measured because it can be difficult to determimefacet boundary clearly. Facets were
delineated by “eye” and the facet size was measusid) Zeiss KS3000 3.0 imagine analysis
software, calculating the minimum and maximum disien of the facet, as well as its area.
From the area information an equivalent diametasrdfs diameter) was calculated by
considering the facet to be circular in shape.
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Chapter 5 - Results - Materials

Characterisation.

5.1Introduction

Chapter 5 presents the results for material cherigation, glow discharge spectrometry
(GDS) and hardness testing of the weld metals webtained for the different
microstructures; AD and RH microstructures and fbe as-received and strain aged
conditions: AR and 5%SA.

Characterisation of the microstructural featuree, percentage phases, grain sizes and
inclusion distribution/composition of the weld weaecomplished through metallographic
examination of the AD and RH regions for the weldtats and conditions above. It should
be noted that measurement of microstructural phissédse AD microstructure was difficult
due to the mixture and the characteristic naturdiféérent forms of ferrite (allotriomorphic,

Widmaénstatten and acicular).

Glow discharge spectrometry was utilised to astiesshemical (weight %) composition of
both the supplied welds. Hardness variations \assessed in the microstructure and thermo

mechanical treatments of both welds, as well aBlenaariations relating to sample locations.
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5.2Results

5.2.1Microstructure

An example of the macrostructure of the multipassnserged arc weld for Weld°N and
Weld N°2 are shown in Fig. 4.2 and 4.3 respectively. Be#hd metal materials consist of
two distinctive microstructure: as-deposited, ARl aeheated, RH, as well as the parent plate
microstructure, PP. Shown in Fig. 5.1-5.4 are ngcaphs and SEM images for the PP (Fig.
5.1), AD (Fig. 5.2) and RH (Fig. 5.3 and 5.4) matractures for Weld RL. Micrographs and
SEM images are shown in Fig. 5.5-5.8, for the AB. #:5), AD (Fig. 5.6) and RH (Fig. 5.7-

5.8) microstructures.

Twenty beads were deposited in order to fill thatjand the grain structure clearly indicates
the solidification direction. The joints were &tl with variable degrees of overlapping beads,
which result in variable welding geometry and diéiat degrees of refinement. In all the weld
pieces for both weld metals, three beads domim&teéop layer, the AD microstructure, which
are elongated ferrite grains formed at differeaget of cooling, consisting of a mixture of
allotriomorphic ferriteay, acicular ferriten,c and Widmaéanstatten ferritgy, as well as small
guantities of microphase microconstituents, M-AFg). 5.9. The RH microstructure consists
fully of equiaxed ferrite grains which originaten the annealing process that occurs during

the multipass submerged arc welding procedure (SAW)

The mean grain size measurement for Weld Was 2im with the actual grain size varying
between 8.4m and 45.8m for the RH microstructure and no significant eliéfince in these
grain sizes were noted after 5% plastic deforma#ind static strain ageing. It should be
noted that the RH microstructure for Wel@1Nvas measured as part of a previous study and
research programme [15], the mean grain size waquiri, with a minimum and maximum
values of 9.4 and 12.8um. Also the grain size nmeasents for the RH microstructure were

performed in the ‘sampling area’ for the differesgecimens used throughout this work,
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corresponding to the weld region at the bottorrhefweld cross-section. Due to the nature of
the AD microstructure the grain sizes cannot besmeal or analysed by the linear intercept
method. The parent plate, coarse RH and fine Ripns of the weld metal (Weld°R) were
analysed using KS 3000 software measuring thetdemin and max, as well as the D circle
and area of the grains. The parent plate areadafigm 210 to 289m* compared with 65 to
153um? and 23 to 98m? for coarse RH and fine RH respectively.

The elongated ferrite grain structure in the ADdweletal ranged in size from 130 to P20
for both Weld N1 and Weld N2, this was distinguishable by the naked eye orfrémture
surfaces. The results of the measured area pag=ewnf the different morphologies within
the AD microstructure for both Weld°N and Weld K2 lie within the range 46 to 58%
acicular ferrite, 3 to 20% Widmaéanstatten and 33286 for grain boundary ferrite. Similar

results were exhibited by the corresponding staaithaged condition samples.

5.2.2Inclusion Analysis

Polished samples of weld metal (Weld2N were used to obtain a typical distribution of
inclusions. Samples were observed from both mikrosires (AD and RH) and in both
conditions (AR and 5%SA), as shown in Fig. 5.10onkthe observations and measurements
carried out the results showed that the AD and RErastructures presented similar 2-D
modal diameter values of 0.53 and Q48 respectively, and overall mean volume fraction
and diameter values of 1.76% and0rG respectively, as shown in Table 5.1 and Figl.5.1
Hence, no clear difference has been noted in #eedidistribution of non-metallic inclusions
between the two weld metals. The AD5%SA had a diamof 0.58m, a slight increase
compared to the AR condition, whilst the RH5%SA dition observed a slight decrease,
0.45um. Results within the microstructural condition® dairly consistent (Table 5.2),
implying the size distribution is relatively unafted by the multipass SAW welding

procedure and strain ageing.
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Inclusion diameters carrying from 0.8 to (n2 may be considered as the upper end of this
distribution, hence if these are considered adiabie representation of the overall inclusion
size distribution within the bulk weld metal thercliusions greater than these will represent
less than 1%. From the experimental data it wdntticate that the 9% percentile of
measured inclusion diameters is 0.8 tquin2which is lower than previous data obtained for
Weld N°1 of 1.0 to 1.6m (part of a pervious experimental programme [I%] bwer than
2.0 to 2.2wm found by Knott [113, 223] and Curry and Knott $]%or C-Mn weld metals of

a similar confidence level. Those inclusions ax@pced as a result of deoxidation processes
that occur within the weld pool and it is reasoeald assume a smooth, well behaved

inclusion size distribution.

5.2.2.1Inclusion Chemical Analysis

X-ray spectra analysis is only a qualitative apphosince the relative size of the peaks may
vary between inclusions as well as from point tompwithin an inclusion. Energy dispersive
x-ray (EDX) analysis was carried out on all fourcrostructural conditions; ADAR, RHAR,
AD5%SA and RH5%SA, shown in Table 5.3 and Fig. &k 5.15, respectively. Results
indicated there was no significant difference ie thclusion chemical composition for the
microstructures, although ‘large’ inclusions3gm) and ‘small’ inclusions {1um) show
differences in chemical composition. The higheslaks for the majority of the
EDX spectrums indicate Fe, Cr, Co and Mn constigienThe lower (background) peaks
indicated Al, Ti, C, N, N, and Cu constituents. X@detected oxygen within some of the
inclusions, therefore it can be inferred theseusicns are a mixture of oxides and/ or
silicates, iron aluminium and carbon are also tlaegthin the inclusions. Inclusions also
contain iron and aluminium and traces or carbon @rghur. Sulphur may be present as a

coating of the manganese sulphide surroundingegh&a oxide/ silicate core [224].

The elements were divided into major and minor trents, based on their peak height to
facilitate comparison, after Tweed and Knott [A].dividing line at approximately 30% of the

maximum peak was chosen. The principal differdme®veen large and small inclusions is
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the presence of Cobalt and a reduction in manganeselusions less thanug. Cobalt is
not present in the chemical composition Table dlthough from the GDS results carried out
on this material; traces were found within the pamdate and HAZ with a reduction in the
weld metal, Table 5.5-5.6.

5.2.3Glow Discharge Spectrometry (GDS)

Glow discharge spectrometry was applied to bothdA¥1L and Weld K2 to compare the
chemical composition to that supplied from ESABable 5.4 lists the chemical composition
supplied for Weld R, the chemical elements of greatest interestfer@DS analysis are
indicated in yellow. The results from the analysie shown in Tables 5.5-5.6 and plotted in
Fig. 5.16-5.17 for Weld M and Weld K2 respectively. It should be noted that individual
microstructures could not be assessed due to theenaf GDS so it was applied to the parent
plate and the weld material. Measurements arentake depth of 100 micrometers, with a
resolution of <0.025nm.

Mo, Mn, C, Ni, Si were all found to be in the rangethe weight % as quoted by ESAB.
Both Weld N1 and Weld R2 were found to have virtually no Al present congohwith
ESAB'’s values of 0.021%. The most significant eliéince in the observed results was for
Cu, ESAB quoted 0.29% weight, compared with sigaifitly lower levels, Weld §
exhibited Cu levels of 0.1% and 0.07% for WeR2N

5.2.4Macrohardness

Macrohardness profiles were taken for both Weld nd Weld K2 in both the AR and the
5%SA weld metal conditions are summarised in Tablés.8, and plotted in Fig. 5.18-5.20.
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Three profiles were taken for both welds and inhbthte AR and the 5%SA conditions.
Profile Line 1 is in the location where the AD sdegpwere removed. Profile Line 2 refers to
where the RH samples are located and Profile 3t ithe root of the weld. Table 5.7
summaries the results showing lower, mean and upglees of hardness, clearly showing
that for both Weld RL and Weld K2 in the AR condition Profile Line 1 has a high mea
hardness value compared with that of Profile Line/erage hardness values of 188,5H
(Profile Line 1) and 161.1H(Profile Line 3) for Weld K1 compared with 205.6HProfile
Line 1) compared with 193.ZHProfile Line 3) for Weld R2. Similarly for the 5%SA
condition for both welds showed an increase inaberage hardness values when compared
with the AR weld metal condition. Average hardnesksies of 227.4Hfor Profile Line 1 for
Weld 1 5%SA condition compared with 228,3tdr Weld N2 5%SA comparing these with
the values for Profile Line 3; 20Q+nd 197.6k for Weld N1 5%SA and Weld R2 5%SA
respectively.

The data collocated from profile data was splibithe individual microstructures; parent
plate, RH and AD for both weld metals and for bttt AR and 5% conditions, as shown in
Table 5.8 and Fig. 5.21. For WeldINfor the AR condition the hardness profile in @dvin
parent plate had an approximate value of 131 tdHl,6there was a notable increase in the
AD range from 191 to 220H The RH microstructure exhibited a slight decegashardness
ranging from 163 to 191 The hardness profile fluctuates as the profitesges the AD and
RH microstructure. Increased hardness values aleserved in the parent plate, RH and AD
microstructure for the 5%SA condition. The RH rogtructure had hardness values of 201 to
221H,, the AD microstructure had average values of 22257H, whilst the parent plate
observed hardness values of 175 to 1,98H

Weld N°2 observed similar trends as Wel@1Nor both the AR and 5%SA conditions. For
the AR condition the parent plate exhibiting thevést average hardness values of 158 to
188H,, compared with 192 to 215knd 216 to 234HHfor the RH and AD. Similarly for the
5%SA condition the parent plate the average valaeged from 172 to 199Hwhilst the RH
microstructure ranged from 200 to 223ENnd 225 to 253Hfor the AD microstructure.
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Generally Weld R2 exhibited higher hardness values for both the #Rl the 5%SA
conditions compared with Weld’M Macrohardness indents, shown in Fig. 5.22 atdithat

the AD microstructure has smaller indents thanRkRemicrostructure.

5.2.5Microhardness

Microhardness profiles for RH and AD microstructune both the AR and 5%SA conditions
for both Weld N1 and Weld K2 are shown in Table 5.9, and illustrated in Fig355.24.

For Weld N1 the reheated as-received profile (RHAR) rangethfi 75 to 234k compared
with the as-deposited as-received profile (ADAR)ickhranged from 222 to 277{H The
microhardness values for Weld®Nranged from 202 to 257Hand 240 to 280Hfor the
RHAR and ADAR microstructural conditions respeciyve

Strain-aged material showed variability in micrah@ess values, with a slight increase being
observed in both of the weld metals. RH5%SA andb®3A microhardness values ranged
from 200 to 236k and 230 to 287{respectively, for Weld KL compared with 220 to 265H
for RH5%SA and 253 to 29QHor AD5%SA for Weld N2.

It should be noted microhardness measurementsidoridual microstructural phases within
the AD microstructure could not be assessed duthddine nature of the weld materials
(indents could not sample individual grains). Heerit is clear from Fig. 5.25 that the AD
weld metal region exhibits smaller indentation nsatkan the RH microstructure for all

equivalent conditions.
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5.3Discussion

5.3.1Microstructure

It has been shown within the weld material thatrtherostructural features of the AD and RH
microstructures are significantly different. Theeld/ is produced from a multi-pass
submerged-arc welding process; the AD microstrectisr produced by deposition and
solidification of the weld bead, and dominates tth layer of the weld, there are three large
deposited weld beads. The RH microstructure islygged from the next pass raising the

temperature, on cooling this region is grain redine

The microstructure of the weld is complex, it isnh@d by a mixture of carbide and ferrite as
well as a distribution of non-metallic inclusionsch as oxides and silicates formed from
deoxidation precipitation mechanisms in the molteeld pool. The typical AD
microstructure as stated in Chapter 5.2.1, consisthree phases, allotriomorphic or grain
boundary ferritepq, acicular ferriteo,c and Widmanstatten ferritey,, shown in Fig. 5.9.
Acicular ferrite has a fine scale morphology, tihisreasing the strength of the material due to
its small grain size making it a desirable featwteereas coarse grain boundary ferrite and
lamellar structureo,) are undesirable from this view point. Acicularrfte nucleates within
prior austenite grains, at the interface betweennbn-metallic inclusions and the matrix.
Acicular ferrite is often found on a fine-scaleistincreases the strength of the material due to
the small effective grain size (Hall-Petch relasibip [178, 189], see 5.3.3) and also has good
notch ductility because it is difficult for micrawks to propagate through acicular ferrite
boundaries (high grain boundary density). Cleaviageation sites on fracture surfaces of
tensile, Charpy, CTOD and Blunt notch specimensgrofiound in allotriomorphic ferrite

areas.

Widmanstatten ferrite has a side plate, lamellarpmalogy nucleated at the austenite grain

boundaries. It can also be classified as ferrite @ligned martensite retained austenite and
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carbides, (MAC) and is akin to upper bainite ortteay bainite. Allotriomorphic ferrite is
formed by a reconstructive mechanism, where albtbens diffuse and grow across austenite

grain boundaries.

The RH microstructure contained mainly equiaxedngrahich exhibited coarser grain sizes
nearer to the AD interface. The region with tharser grains had a mixture of equiaxed
ferrite and allotriomorphic ferrite grains. Duettee multi-pass welding procedure reheating
into the intercritical regiono(—y) leads recovery, recrystallisation and grain glgwtith an
‘annealing’ of the previous AD weld microstructurtherefore creating the RH weld

microstructure.

5.3.2Hardness Tests

Hardness tests revealed that the weld cross-seetiomited different hardness values from
the top of the weld to the bottom, with the hardegions being the top weld beads (located
in the AD microstructural region, Profile Line 1jttwthe lowest hardness being found at the
bottom of the weld, mainly the RH microstructuragjion (Profile Line 3). This is mainly due
to the fine morphology of the AD microstructure, igfh is due in part to the annealing

process that occurs from subsequent weld passes$.EB-5.20.

If the weld is subjected to a postweld heat treatn{@able 4.3) the AD microstructure
remains harder than the RH microstructure alongctbss section of the weld (Fig. 5.21).
AD values ranged from 191 to 22pknd 221 to 257Hin the AR and SA conditions
respectively compared with 162 to 191fér RHAR and 201 to 2201Hfor RH5%SA
microstructural conditions for Weld’. For Weld N2 the hardness values ranged from 216
to 224H and 225 to 253fHor ADAR and AD5%SA microstructural condition, respively,
compared with values for 192 to 215the RHAR microstructural condition and 200 to
223H, for RH5%SA condition.
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The higher AD hardness values were noted mainliriofile Line 1 whilst the higher RH
values were located in Profile Line 2. As a comsege specimens sampling the AD
microstructure were located in at the top of thédveend the RH were located at the bottom of
the weld cross section, so the limits of the hasdrdistribution in the weld cross-section for
each condition would be sampled (Fig. 5.18-5.T)e weld metal also permitted a specimen
arrangement of two Charpy sized samples (10x10x%9 from a single block, Fig. 4.12.

Therefore it can be inferred from the mean hardnatses (Table 5.7 and 5.8) obtained for
both microstructures in the AR and the 5%SA coodéifor both weld metals fil and N2)
that the strength of the weld increases at theresgef a decrease in ductility of the material
after the prestraining and ageing process. THerdrice in hardness between the AD and RH
microstructure in the AR condition was 23Hompared with 21 for the equivalent
microstructure in the strain and aged conditionvitald N°1. Weld N2 exhibited differences

in hardness of 20j-between the ADAR and RHAR conditions, compared &6, for the
AD5%SA and RH5%SA conditions.

Considering the two weld microstructures in botHdumetals, the AD region in Weld M
exhibited the largest increase of 31between the AR and 5%SA conditions compared with
12H, for Weld N2 for the equivalent conditions. Thus it can bedgted from these higher
hardness values within the AD microstructure fothbwelds and weld metal conditions, that
this region exhibits a greater strength, hence veedoductility compared with the RH
microstructure, which exhibited a difference indragss between the AR and 5%SA of 33H
for Weld N1 and 5H for Weld N°2. Using equation 5.1 and a mean hard hardening
exponent value at room temperature approximatelyateg to disparities in the yield stress
between AR and 5%SA of about 71MPa for the micuustire of Weld R1L and 23MPa for
Weld N°2, with differences between the AD and RH micrasttice, in yield predicated yield
stress of 72MPa and 11MPa for Weld1Nand Weld K2, respectively. The predicted
disparities in yield stress are in agreement whgh ¢haracteristic inhomogeneous nature of
submerged arc weld. Also showing that a particylkeld stress value should not be used as a
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representative value for the whole weld metal nmater This is an important result as it
estimates the detrimental effects of low work hamdg exponent values, showing for both

microstructures after static strain ageing on ke properties of the weld.

oy = 9.81@(0.1)" ...(5.1)

Whereoy is the yield stress in MPa
VHN is Vickers hardness number

n is the work hardening expoentent.

If it is considered that both of the weld microstires have the same chemical composition,
the variation in hardness and therefore the predigield stress values can be associated with
different ferrite phases found in the microstruetyras previously discussed. The AD
microstructure contains a larger volume fraction hafrder ferrite phases than the RH
microstructure, such as bainite, acicular ferritel aVidmanstatten ferrite, which are not
present in the RH microstructure. Microhardnesasueements of individual ferrite phases in
the AD microstructure and/or individual grains tbe RH weld metal region could not be
carried out due to the fine scale of these corestiti However previous researchers [98, 225]
have estimated microhardness values for indivigiredlses separately from their chemical
composition. It was estimated by Bhadeshia and&an [98] that the hardness of acicular
ferrite was 267VHN, which is used in this work asapproximate hardness value in the AR
condition of the weld metal. The hardness valubahite in the ADAR was evaluated by
Blondeau [225] through the following equation:

VHN , = —323+185C +330Si+153MIn + 65Ni +144Cr +

(bainite

19Mo+logV, 89+53C —555i-22Mn—10Ni —20Cr —33V0) .. (5.2)
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where each element is used in wt.% and the coalitg \k, in °C/h. Harrison [226]
estimated the mean cooling rate for the SAW prowesied between 4.8x¥Gnd 10.8x19
deg/hr. If the above equation was used to evaltteeapproximate hardness values for
bainite in the weld metals used in this work, ieigpected Weld KL would have a minimum
value of 219HVN compared a minimum to 235VHN for lvdI°2. Comparing the values of
hardness Table 5.7 and 5.8, it is clear that theni¢tostructure present lower values than
those predicted for bainite and acicular ferriteag#s, since this microstructure only contains
equiaxed ferrite. The hardness value of acicudarté alone predicted by Bhadeshia and
Svensson [98, 114] is greater than measured foAhenicrostructure in the AR condition.
This is consistent since not all austenite tramséat to acicular ferrite during cooling to room

temperature.

Another factor that should be considered is thehdmgdislocation density and internal
enginery of the AD microstructure compared to th Ricrostructure. The reduction of the
dislocation density of the RH microstructure is sidered to occur due to the annealing out of
dislocation by the reheating effect of subsequesldvwpasses. Also the RH microstructure
plasticity should also more uniformly distributeldabh in the AD microstructure. These
comments help to explain the evaluated hardnessesgiresented by both microstructures
after static strain ageing and especially in therAidrostructure.  Strain ageing behaviour is
directly associated with density of dislocationsnied after cold-working, the deleterious
effect of strain ageing is more evident in the ARldvmetal region due to the number of
dislocations compared with the RH microstructur@dhe copper (0.29 wt%) adds solid
solution strengthening to the weld through intéedtisolid solution mechanism. However,
this should affect both microstructures equallyicsi both weld metal regions contain the

same chemical composition.
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5.4Conclusions

1. The microconstituents of the AD microstructure logé tow alloy ferritic steel weld
metal (Weld N1 and Weld ) used as part of this research programme areylaci
ferrite, located in the interior of the austenit@ig structure, Widmaéanstatten ferrite
which nucleate at the austenite grain boundariesifig lamellar structure, and finally
allotriomorphic ferrite or grain boundary ferriteften delineating the columnar
structure from the prior delta ferrite grains. TRE microstructure of the two welds
contained mainly equiaxed ferrite grains and shos@de coarsening of the RH grain
size near the AD/RH boundary. WeldINgenerally exhibited slightly large weld
beads in the AD region, as well as the weld widgp(filled) being slightly larger.

2. Inclusions were found to be similar for the two evehetals and for AD and RH
microstructures, no differences were apparent betwbe AR and SA conditions.
The inclusions were found to consist mainly ofcsih, oxygen, manganese and iron
with traces carbon and aluminium. Distributioninélusions for Weld R2 showed
that the 2-D modal inclusion diameter was approxatye0.53 and 0.48n for the AD
and RH microstructures, respectively. There wearenatable statistical differences
between either of the two microstructures, with 988 percentile level lying in the
order of 0.8 to 1 2m. Larger inclusions can be found at the tail ehthe distribution

size.

3. GDS results confirmed the chemical compositionsboth the weld metals as
compared with the data supplied by ESAB. Thereewsr significant differences in
weight percent as quoted by ESAB compared to tlagseired through GDS, apart
from that the copper levels were lower.
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4. A difference in macrohardness was found betweeih@and RH microstructures for
equivalent weld metal conditions in both WeldlNand Weld R2. The AD
microstructure is harder than the RH microstructwRile straining (cold working)

and ageing the weld metal produced an increasaronkss values.

5. Weld N1 in the AR condition hardness values ranged fréh tb 204H and 162 to
191H, for the AD and RH microstructures respectivelynpared with 216 to 234H
and 192 to 215for the AD and RH microstructure for Weld®X After straining
and ageing a notable increase in hardness wasvelstar both weld metals. The
hardness values of AD and RH in Wel@1Nalues ranged from 221 to 257&hd 201
to 221H, respectively compared with values for Welt2Ne25 to 253 Kand 200 to
223H, for AD and RH respectively.

6. The weld metals also showed a variation of hardaessss the cross-section of the
weld and in respect to the sampling location. iRrdfine 1 exhibited the highest
hardness value, (AD weld beads) top of the weld pamed with the RH
microstructures, Profile Line 3, at the bottom bk tweld, exhibited the lowest

hardness values.

7. Microhardness values also exhibited an increass pfestraining and ageing of the
weld metal had occurred. For WeldINvalues for the ADAR and RHAR conditions
ranged from 222 to 227Hand 175 to 234} respectively, compared with 230 to
287H, and 200 to 236Hfor AD5%SA and RH5%SA microstructural conditions.
Weld N°2 showed increases of 240 to 280 fer the ADAR condition compared to
253 to 290 Kifor the AD5%SA condition. The RHAR condition haartiness values
ranging from 202 to 257Hompared to 220 to 265Hor RH5%SA condition.



Page|l125

Chapter 6 -Results - Tensile and

Charpy Tests.

6.1Introduction

Chapter 6 presents the results observed for tisléeand Charpy Impact testing of both weld
metals, Weld RL and Weld K2, in both microstructures AD and RH, for both citiods,

AR and 5%SA. Flow property changes and variationstrength were assessed through
tensile testing and analysis of the yield stremssite strength, work hardening exponent and
elongation to failure, for both weld metals in war$ conditions and orientations. Absorbed
energy transition curves were obtained through @hanpact testing to understand the effect

of microstructure and thermo mechanical treatmehtlse weld metals.

6.2Results

6.2.1Tensile Testing

6.2.1.1Weld N° 1

Engineering stress-strain and the equivalent ttresstrue strain curves for the AR, mixed
and transverse microstructural conditions are shawrkig. 6.1-6.4 respectively and a
summary of the flow properties are tabulated inlési6.1-6.4. A total of 18 ADAR and 18

RHAR specimens were tested for the single microtitre conditions, 15 mixed

microstructure specimens and 18 mixed transversirsens were tested across the
temperature range. The flow properties, yieldsstrailltimate tensile strength (UTS), total
strain and work hardening exponent are also plattdelg. 6.5-6.6. It should be noted from

the test curves that not all specimens exhibitetisaontinuous yield point and therefore a
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0.2% proof stress has been quoted for these spesimkhe yield stress of the weld increases
from 471 to 892MPa and 409 to 771MPa, over the &atpre range from +20 to -1%@5for

the AD and the RH microstructure respectively, 486 to 719MPa and 469 to 794MPa for
the mixed and transverse microstructures. Theiléersdrength increased from 543 to
909MPa, 510 to 790MPa, 525 to 815MPa and 568 tM@22for the AD, RH, Mixed and
transverse microstructures respectively acrossdnge temperature range as the yield stress
values (+20 to -19€).

It can be seen from Fig. 6.5(a) and 6.5(b) thde htariation between the AD, RH and mixed

microstructure with a combined yield stress andnate tensile strength of 420 to 893MPa
and 510 to 909MPa respectively. The yield streep thetween the upper (UYS) and lower

(LYS) values was also evaluated from the data Fer AD, RH, mixed and transverse

conditions and microstructure across the tempezatamnge. The results show that the as-
deposited microstructure had the lowest yield drompared with the other three conditions,
with the mixed microstructure exhibiting the highedhe transverse results shown in Fig.
6.6(a) and 6.6(b) were consistently higher thar ltle¢ AD and RH microstructures for both

yield stress and ultimate tensile stress.

Values for total strain are plotted in Fig. 6.5¢0y the mixed and transverse Fig. 6.6(c)
condition compared with both the AR microstructwrahditions. Total strain values ranged
from 25 to 38% for RHAR microstructure, 7 to 27% flee ADAR microstructure, 13 to 32%
for the mixed microstructure and 21 to 33% for titssverse microstructural conditions over
the temperature range of -196 to $QQrelative to the length of the tensile specimen.
general the RH microstructure exhibited larger ltataain than the ADAR, Mixed and
transverse microstructural conditions. All speaisiexcept those tested at -i@&xhibited

localised necking before failure.

The mixed microstructural testpieces exhibit slghhigher tensile strength over the

temperature range of -120 to °@) Fig. 6.5(b), as well as higher work hardeningament
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values across the temperature range, Fig. 6.5{bd& values of the work hardening exponent
are slightly higher 0.14 to 0.21 for the mixed rogtructural condition when compared to the
0.01 to 0.19 (ADAR) and 0.08 to 0.20 (RHAR) microstures. The transverse
microstructure exhibits both higher yield stresd &nsile strength values of approximately
100MPa across the test temperature range, Fig)@6(6.6(b). The total strain values of the
transverse microstructure were in the same rangeea®DAR condition, with the RHAR
condition exhibiting the greatest amount of totehis. Work hardening values were slightly
higher (0.08 to 0.24) for the transverse microstng when compared to both the AR
conditions, Fig. 6.6(d).

6.2.1.2Weld N°2

Tensile testing for Weld % was carried out for the AR; 18 specimens forABAR and 18
specimens for the RHAR, 17 mixed specimens anddk&verse microstructural specimens,
the flow properties for each of the conditions tateulated in Tables 6.5-6.8 and Fig. 6.7-6.10
show the Engineering stress-strain and the equivélee stress-true strain curves. As seen
with Weld N1 not all specimens exhibited discontinuous yiejdimd so a 0.2% proof stress
is quoted. The ADAR condition exhibited yield ssevalues ranging from 430 to 583MPa
compared with the RHAR condition from 456 to 886M&ad tensile strength increases
ranging from 468 to 883MPa and 545 to 965MPa fa&r ADAR and RHAR conditions
respectively. Yield stress and tensile strengtbhasranging from 444 to 842MPa and 576 to
873MPa were exhibited for the mixed microstructucalindition, compared with and
transverse conditions respectively, while the tvanse condition exhibited tensile strength
values ranging from 439 to 928MPa and yield stvadges of 561 to 948MPa, Fig. 6.11-6.12.

The ADAR and RHAR, mixed microstructure and tramseemicrostructure condition total
strain values are plotted in Fig. 6.11(c) and &)l2(Total strain values for the ADAR
condition ranged from 5 to 31% compared with 13186 for the RHAR condition, whilst the
mixed and transverse microstructural conditionsgeainfrom 5 to 28% and 8 to 33%

respectively. Work hardening values are shownign &:11(d) and Fig. 6.12(d) it can be seen
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that there is little difference or no distinctiveertd between the four sets of data. Work
hardening values ranged from 0.09 to 0.23 (ADAR}00to 0.23 (RHAR), 0.07 to 0.21
(Mixed microstructural condition) and 0.08 to 0(@%ansverse condition). As seen for Weld
N°1 the transverse condition for Weld2Nexhibited slightly higher work hardening exponent
values compared to the as-received condition. Ward hardening exponents for both the as-
received conditions are very similar, with the tnagrse being slightly higher.

6.2.1.3Weld N°2 Strain and Aged Condition (5%SA)

The tensile specimens were nominally strained by f#stic deformation, loaded and
unloaded at room temperature. The samples wereplaged in a Lenton vacuum furnace at
300°C for 2hrs, following the procedures for Charpy, @I and Blunt notch tests, described
in Chapter 4.3. A total of 36 specimens were tegtethe 5%SA condition, 18 for both the

AD and RH microstructure.

The corresponding engineering and true stress-tu@n curves for the AD and RH
microstructure weld metal regions are shown in HFdlL3-Fig. 6.14 respectively. As
previously discussed in section 4.6, a reductiothécross-section diameter is considered in
the determination of the engineering stress-stcanves. The specimens presented a mean
reduction in gauge cross section diameter fromz0@M1 mm to 2.91+0.001 mm.

Values of yield stress, tensile strength, elastairs and total strain are presented in Table 6.9.
In general the AD microstructure specimens werestiglally deformed by 4.96+0.08%
compared with the RH specimens by 4.97+0.09%. ABemicrostructure exhibited no
discontinuous yielding, with yield stress valuesgiag from 415 to 600MPa. The RH
microstructure had yield stress values ranging fret6 to459MPa and 354 to 490MPa for
0.2% proof stress. Ultimate tensile strength valtenged from 536 to 601MPa and 475 to
546MPa for the AD and RH microstructures respebtive
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Once the specimens had been aged, (applyin§C36fr 2hrs) they were tested across the
temperature range of -196 to°@0 A summary of the flow properties including work

hardening exponent for both weld metal regions hews in Table 6.10 and displayed

graphically in Fig. 6.17, corresponding engineerangd true stress-true strain curves are
shown in Fig. 6.15-6.16.

All but two of the specimens tested exhibited daious yielding, AD18 tested at -16D
with a 0.2% proof stress of 705MPa and RH8 tested@FPC with a 0.2% proof stress of
690MPa. The yield stress values ranged from 50088 for the AD5%SA microstructure
compared with 581-930MPa for the RH5%SA microstiteet The results presented in Fig.
6.17(a) demonstrate the yield stress values agesiarilar for both of the microstructures and
are constantly higher than those for the AR coadjtivalues ranging from 585 to 885MPa
and 581 to 987MPa were observed for the AD5%SARIH8%SA conditions, respectively.
Ultimate tensile strength values varied little bedéw either of the microstructures and/ or
conditions. The AD5%SA microstructure exhibited®JValues of 613 to 855MPa compared
with 588 to 921MPa for the ADAR condition. WHhil&tTS values ranged from 544 to
965MPa and 602 to 987MPa for the AR and 5%SA carditespectively for the RH
microstructure, Fig 6.17(b). The RH microstructurethe 5%SA condition exhibited both
higher values for the yield stress and UTS compaiidd AD5%SA condition.

Shown in Fig 6.17(c) the total strain values foe B2%SA condition are similar to the AR

values, the AD5%SA microstructure exhibits totakist of 11 to 26% and the RH5%SA
condition exhibits values of 18 to 27% comparedwito 29% and 14 to 33% for the ADAR
and RHAR respectively, although the 5%SA valued@ser than those of the AR condition.

There is little difference between the work hardgnexponent values for the microstructural
conditions, with values ranging from 0.07 to 0.b2 the AD5%SA and 0.08 to 0.13 for the
RH5%SA, Fig 6.17(d). Work hardening exponent valiggsthe 5%SA condition are much

lower than those exhibited for the AR conditiorQ®to 0.23 for the ADAR and 0.10 to 0.23
for the RHAR condition. Across the test tempemtuange of -1 to 20C the AR
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condition has a mean work hardening exponent w019, compared to a slight decrease to
0.11 for the 5%SA condition.

6.2.2Analysis of Charpy Tests

Both an extensive temperature range and numbepedirmens were used in the Charpy
impact tests to allow for a good estimation of dadb-brittle transition temperature (DBTT)
to be made for Weld 12 for both the AD and RH microstructures in both &R and 5%SA
weld metal conditions. A total of 28 AD and 28RHsttespecimens for the as-received
condition, and 20 AD and 26 RH test specimenshHer3%SA condition. These experiments
were already carried out for Weld®Nas part of an earlier research programme [19je T
results of the impact tests are presented in Tdblels Table 6.14 for both weld metal regions
and in both conditions. For each of the weld metadditions the absorbed energy data has
been plotted against temperature and is showngn@18-Fig. 6.26. The overall collected
data is shown in Fig. 6.18, for all four weld metahditions, whilst Fig. 6.19 and Fig. 6.20
show the separate data for the AR and 5%SA wel@lngsenditions, respectively. The data
also plots AD and RH microstructural regions Fil6and Fig. 6.22, respectively. The
ADAR microstructural condition absorbed energy ealuanged from 3J to 143J across the
test temperature range of -196 to 4D0 The RHAR microstructural condition, across the
same temperature range, exhibited absorbed enalggsvranging from 4 to 167J. Compared
with 2 to 105J and 2 to 140J for the AD5%SA and P42\ microstructural conditions,

respectively.

Tanh curves were fitted to the data, using the chagighting function and used for

comparing the different data sets for aiding theéewhsination of the impact toughness
properties of the weld metal exposed to differelérmo mechanical treatments and
temperatures, Fig. 6.23. For this work the DBT$ haen defined at 40 J level from the Tanh
curve. It can be seen that the ADAR and RH5%SAlitmms exhibited similar Tanh curves,

with the RHAR and AD5%SA conditions exhibiting esttres in conditions.
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Values of DBTT (40 Joules), absorbed energy atrnasition temperature of 40, and the
upper-shelf energy level (USE) are shown in Tabldé$ and Fig 6.24. It can be seen from
the tables that the RHAR microstructure has a I®BTT of -50C compared with the -2G

for the ADAR microstructure, as defined at the €@@rgy level. After strain ageing both
microstructures exhibited an increase in the DBT#@ levels, with a temperature of °G0
for the RH5%SA microstructure and *@0for the AD5%SA microstructure. The difference
between the DBTT values at 40J energy levels ferRRIAR and RH5%SA microstructures
was 25C compared with 2T for the AD microstructure in equivalent weld nietanditions.
The overall difference in the DBTT at 40J was’@5comparing the two extremes in
conditions RHAR to AD5%SA.

Using the data to compare energy levels at a gieperature (in this work defined at’@)

it can be seen from Fig. 6.26 and Table 6.15 tatAD5%SA exhibits the lowest absorbed
energy level of 70J compared with the ADAR microsture condition of 105J, a difference
of 35J. A similar trend is noted in the RH micrasture with a difference of 27J from the
RH5%SA (110J) to RHAR (137J) microstructural comdis. Upper shelf energy values
decreased slightly from 158J for the RHAR microstsal condition to 140J for RH5%SA a
difference of 35J, with a further decrease noted foth the ADAR and AD5%SA
microstructural conditions of 138J and 105J, reépety, a difference of 20J. The USE
ranging 53J between the two extremes in weld nustadlitions, RHAR and AD5%SA. The
AD microstructure seems to be more sensitive tostren and ageing process compared to
the RH microstructure. The absorbed energy vdiags shown more scatted in the transition
region, but it can be inferred from the data that RHAR and the AD5%SA, respectively are

the best and worst microstructural conditions.

The surfaces of the broken halves of the Charpyaghppecimens are shown in Table 6.16-
6.19 for all microstructural conditions. Fig 6.8329 show the corresponding plots, for
absorbed energy levels and temperature versudaltlatimbnail, crystalline area and lateral
expansion. Tables 6.16-6.19 detail ductile thumb(@aT), lateral expansion (LE) and
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crystalline area % (CA) measurements. Ductile twail ranged from 0 to 2.365mm across
the test temperature range of -196 t§CGi@or the ADAR condition, compared with 0 to
3.568mm for the RHAR condition across the tempeeatange of -196 to 2G. Both the
5%SA conditions exhibited less ductile thumbnadttthe AR condition with the AD5%SA
condition ranging from 0 to 1.315mm for -196 t&GGnd 0 to 2.199mm for -196 to “@for
the RH5%SA condition. The lateral expansion rarfga® 0 to 2.115mm for -196 to 18D
for ADAR compared with 0.245 to 2.510mm for -60140F°C for RHAR. 5%SA conditions
again, exhibited a similar trend with the RH5%SAndition exhibiting values of 0 to
1.930mm for -196 to 4C and 0 to 2.373mm for -196 to ®for AD5%SA. Crystalline area
% ranged from 100 to 0% for -196 to £00for ADAR compared with 100 to 0% for -196 to
40°C for RHAR. Values ranged from 100 to 0% for -1863C and 100 to 16% for -196 to
40°C for AD5%SA and RH5%SA conditions, respectively.

The plots in Fig 6.25-6.29 show the basic trendt #t the same temperature, for equivalent
conditions that the RH microstructure will exhitarger amounts of ductile thumbnail and
lateral expansion and small amounts of crystalarea % than those measured for the AD
microstructure. Plots presenting the linear regjogs for the ductile thumbnails versus
absorbed energy show that the RH microstructurééstslightly larger absorbed energy per
unit of ductile thumbnail extension then the AD rostructure for both conditions, Fig
6.25(a), 6.26(a) and 6.27(a). This trend is everenevident after the strain ageing treatment
has been applied Fig 6.27 and 6.30. There is ear dlifference between equivalent
microstructural conditions in the correlation betweabsorbed energy and lateral expansion.
However, ductile thumbnail, lateral expansion angstalline are % all show linear
relationships with impact energy. There is clegyasation in the data for crystalline area %,
Fig 6.26(b) with the RHAR condition exhibiting highvalues, except this trend is not quite
so evident after straining and ageing, Fig 6.27@®gain it is clear that the AD5%SA and the

RHAR microstructural conditions are the extremebehaviour.
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6.3Fractography

Extensive fractography has been carried out orfirluture surfaces of the tensile and Charpy
specimens. The specimens were tested over a tatuperange of -196 to 28D to analyse
the fracture micromechanism taking place and ton gan insight into the nature of
microstructure features and influence of microstrtee  Fracture surfaces were generally
examined from the extremes in temperature rangtdy some selected from the transition

region.

6.3.1Tensile Tests

The AD microstructure in both Weld°N and Weld K2 exhibited larger areas of cleavage
fracture than the RH microstructural condition agieen temperature for all the conditions
studied. Fig. 6.30 and Fig. 6.31 show typical tinae surface of a tensile specimen tested at -
196°C and it can be seen that the specimen exhibity fhrittle transgranular cleavage
behaviour, with no visible necking on the specimdfor both of these specimen cleavage
fracture was initiated by an inclusion, these apeggally located within large allotriomorphic
ferrite grains. From the observations of the fueetsurfaces it can be inferred that the AD
microstructure has larger cleavage facets, thesdefied by the cleavage steps indicated by
an arrow in Fig. 6.30 and river lines (principaatieres of cleavage fracture), indicated with

an arrow on Fig. 6.31.

The RH specimens tested at -i@6Gxhibited a mixed mode of fracture, with charastes

of both cleavage and ductile fracture. Fig. 6.3@vss a typical fracture surface, it can be seen
there has been some localised plastic deformatiagha form of microvoid coalescence, as

there has been slight necking of the specimen demand areas of cleavage fracture are
visible, indicated by flat facets on the fractureface and shown with an arrow. Both

microstructures when tested at°@0exhibited extensive necking of specimen diameter,
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failing in a fully ductile manner. Fig. 6.33-6.3#ow two typical fracture surfaces from both
microstructural conditions, there is general micidvcoalescence across the whole fracture

surface, with inclusions being responsible forittigation of microvoids.

Fig. 6.35 shows an AD specimen tested at *C20The fracture surface shows a mixture of
two principal fracture mechanisms, necking of tpecgmen can clearly be seen, as well as
microvoid coalescence, both ductile mechanisms.ileNarge areas of cleavage are visible,
as well as secondary cracking, cleavage steps autostopic river lines, all indicative of
brittle fracture. While a RH specimen tested &0°C, Fig. 6.36, exhibited general necking
of the specimen and localised plastic deformatiwaracterised by microvoid coalescence. In
general terms it was noted that for the AR and 5%8Aditions the fracture surfaces were
either characterised by either fully brittle fratwor fully ductile fracture, very few exhibited
the mixed mode failure. Whereas for the mixed #mahsverse conditions the fracture
surfaces went through the transition of fully beittmixed mode with more brittle fracture
dominating, mixed mode with more ductile dominatiegeating “star” fracture surface) to
fully ductile fracture, corresponding from temperat increasing from -196 to 2D, Fig.
6.37. Typical fracture surfaces for the transverserostructure are shown in Fig. 6.37
ranging from -196 to 2T, all these specimens exhibiting varying amouritsplastic
deformation. It can be seen that the specimerdest -196C, Fig. 6.38(a) and 6.38(b),
exhibited quasi - cleavage fracture, with the stgfaaving both microvoids and large flat
cleavage facets. The specimens tested at -40 @Gfi@ bth failed in a fully ductile mode,

with inclusions found for the initiation of microias.

6.3.2Charpy Tests

The fracture surfaces of the Charpy specimens taverrs in Fig. 6.39-Fig. 6.44 for all four
microstructural conditions. It can clearly be segsing the naked eye without magnification
the different modes of failure; ductile, brittle ar mixture of both. Fig. 6.43 shows the
fracture appearance changes from 100% cleavageirieato 100% fibrous or ductile fracture
as the temperature increases. It can be seefatbedl expansion and ductile thumbnail size
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all increase in both microstructures and acrossatiditions with increasing temperature,
conversely a decrease in crystallinity is obserwgith temperature increases. The AD
microstructure in the AR condition exhibited fulfuctile fracture at 10C, where as the
RHAR microstructural condition is fully ductile #0°C, this transition is the same for the
5%SA condition. Examination of some of the Chaiagture surfaces showed bands of both
AD and RH microstructures, with metallographic exaation confirming that ductile bands
lay in the RH microstructure, also these were dalynd on the fracture surfaces of the AD
specimens. It should also be noted these ductield were far more prominent in the AR
condition when compared with the 5%SA conditioms itk could be due to the relatively low
DBTT of the weld in the AR microstructure, thus péting the appearance of the RH ductile

bands within the transition region.

Fractographic examination of specimens revealed dhaspecimens which had failed by
fracture instability were a result of brittle trgnanular cleavage fracture for both the AR and
the 5%SA microstructural conditions. Fig. 6.44wha comparison between the cleavage
facets for the AD and the RH microstructures fathb@onditions, the fracture surfaces for the
AD microstructure exhibited a wide range of cleavdacets and sizes, with a characteristic
“rough appearance”. For this type of weld metahdts been widely reported that large
cleavage facets related to allotriomorphic gramisereas smaller facets correspond to regions
of acicular ferrite. Brittle fracture in the RH onostructure was characterised by a more
uniform distribution of cleavage facets, both impa@grance and size. This corresponds to
fracture through equiaxed ferrite grains, henceangiva finer appearance on the fracture
surface. Despite the high strain rates generage@Harpy impact tests, ranging from?16

10* s, transgranular cleavage initiation sites couldfinend on the fracture surface, Fig.
6.44-Fig. 6.49. It was found that initiation wasised by an inclusion in both the AD and RH
microstructures, it can also be seen that cleav@tated quite close to the notch root, for
specimens tested from the AD microstructure, Fig54%.47 and RH Fig. 6.50. Other
features that have been labelled are cleavage atepsecondary cracks; Fig. 6.48 shows a
secondary crack running though the site of intiatisecondary cracking is not as common
for the RH microstructure due to its morphologyowh in Fig. 6.49 and Fig. 6.50.
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Examination of specimens which showed some punatyilé failure, e.g. specimens tested in
the transition and upper - shelf regions or exhibisome ductile thumbnail extension before
the onset of catastrophic failure, revealed that uthe levels of shear stress this resulted in
internal necking and coalescence of microvoidsaiiitg from non - metallic inclusions, this
Is a result of decohesion of the matrix/ inclusioterface. Fig. 6.51-6.54 show the general
appearance of ductile fracture mechanism for botrastructures and in both of the weld
metal conditions. Size and shape of the dimplesdsen found to be dependent on their
location on the fracture surface, with their dir@ctbeing highly orientated if located close to
the borders and the notch root of the Charpy spatiand non - equiaxial due to the tensile
testing stress state acting in those regions. shape and size of the dimples appears to be the
same for both the AD and RH microstructures, altfrogpecimens tested in the 5%SA
condition appeared visually to have exhibited sivedir voids, hence the strain and ageing has

affected both the plastic deformation and work kandg properties.

6.4Discussion

6.4.1Tensile Testing

6.4.1.1Microstructural Effects

Tensile test results showed little difference ia theld stress and tensile strength of the two
microstructures. However, the strength acrosswvield cross - section from top to bottom and
within a microstructural condition can vary consaldy in terms of the hardness from
corresponding microstructures. This is possiblg do the amount of annealing the weld
beads received from the subsequent weld passes.t if considered that both the
microstructures are subjected to the same amofiaisn@aling the AD microstructure would
still present both yield stresses and higher hasiriean the RH microstructure due to the
constituents of the weld metal. Tensile test tsstllus show closely similar yield stress and
tensile strength of the two microstructures in th&R and 5%SA conditions. The AD

microstructure did present lower ductility than fid microstructure.
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The RH microstructure also exhibited longer unifaand total deformation before specimen
failure for equivalent conditions. Therefore, dagtor using a singular yield stress value
would not be representative for the whole weld metéhe differences exhibited in yield

stress values are in agreement with the charaiiteinsiomogeneous nature of a submerged
arc weld metal. Novovic [13] prestrained a carbomanganese weld metal by 9% using cold
deformation, this material presented similar shfiftsimpact toughness tests. |If this level of
prestraining was considered as a “saturation levad”both microstructures present similar
properties, then the AD and the RH microstructumha still present some differences in

flow properties after cold deformation by just S5#is is in agreement with the hardness and

tensile test results presented in this current work

6.4.1.2Grain size

The AD microstructure presented both higher yieltess and tensile strength values,
compared to those in the RH microstructure; thisnch be attributed to the effects of grain
size. From the Hall-Petch relation (equation ¢11)8, 189], for materials which are similar
but exhibit different grain size, the one with #raall grains should be stronger. Hence, on
this basis, the RH microstructure would be strontpan the AD microstructure due to it
having smaller equiaxed grains. The strength ef AID microstructure can be reasonably
attributed to its increased dislocation densitydigsussed 5.3.1 and larger surface area of the
harder ferrite phases. Reduction in strength dularge grain size AD microstructure does
not overcome the opposite effects suggested dtleetonvo reasons stated above. Reduction
in the dislocation density of the RH microstructige€onsidered to occur due to annealing, as
a result of the multi - pass welding process, thisvident by the hardness results obtained.
The strength reduction due to large grain sizéefAD microstructure does not overcome the
opposite effect possibly caused by the dislocatiensity and larger surface area of harder

ferrite
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N

o,=0 +kD 2 ...6.1

Where oy is the vyield stressg; is the “friction stress”, k is the “locating paratar”,
measuring the relating hardening contribution o tirain boundaries and D is the grain

diameter.

6.4.1.3Strain Ageing

Strain hardening and then subsequent ageing ofviié metal resulted in an increase in
strength and hardness values, and a decrease tilityluthese effects are similar to those
caused by neutron embrittlement. It can be intefrem the engineering stress - strain curves
and from the flow properties observed for the ARhpared to those for the 5%SA condition
that the cold deformation process influences andgses a reduction in the microstructural
effects on the flow properties of the different rogtructures. Thus it can be inferred that
applying a more severe cold deformation processldvoesult in both microstructures
exhibiting similar flow properties. Due to the Rhicrostructure being annealed because of
the heat input from the multi - pass welding pragedit has a smaller dislocation density and
therefore could have a shorter dislocation lengthymit volume than the AD microstructure.
This is supported by slightly higher values of wdrkrdening exponenty and larger total
plastic strain for the RHAR condition compared witle RH5%SA condition, compared with

the AD microstructure in both conditions.

It would seem that the AD microstructure is moressive to the strain - ageing process than
the RH microstructure, the effect of strain - agedm the ductility of the AD microstructure is
more evident compared with the RH microstructuréfter strain - ageing the AD
microstructure has a more accentuated yield pomp dvhen compared with the RH
microstructure. After plastic deformation the ADOcnostructure only exhibited 2% proof

stress values, whereas after strain - ageing,paltimens exhibited discontinuous yielding.
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An explanation for this apparent susceptibilitytleé AD microstructure to static strain ageing
is the higher dislocation density, also both mitagures have higher yield stress values
after the strain - ageing process compared withAfRecondition, it can be inferred from this
results that part of the C and N atoms remain iid ssolution even after PWHT. These
elements could be responsible for the ageing psodbsough their interaction with
dislocations.

The AD microstructure is more sensitive to theistgeing process compared to the RH
microstructure, with a further effect being seerttfmductility of the weld metal, with the AD
microstructure being greater effected than the Rierostructure. The AD microstructure
also presents an increase in yield stress and lderssiength higher than the RH
microstructure. One apparent explanation for gmienounced susceptibility of the AD
microstructure to the static strain ageing is tlifeint ferrite phases; fractography revealed
that cleavage initiation sites (CIS) were locatethiw large allotriomorphic ferrite grains;
these contain dislocation pile - ups which are Jomigich could be more susceptible to strain
ageing through dislocation pinning by atoms in dosolution compared to the RH
microstructure which contain smaller and equiaxadite grains. The RH5%SA condition
tested at -19€, -160C and -128C had fracture surfaces which revealed a mixturbah
ductile and brittle fracture modes, exhibiting bagthastic deformation linked with the
characteristics of cleavage fracture with no ddtue cleavage initiation sites. The fracture
surfaces from the tensile tests revealed that ¢heeptage of brittle areas, e.g. cleavage facets
become larger from the AR condition to the 5%SAditon. Cleavage cracks are also noted

in the fracture surfaces of the RH specimens.

6.4.1.4Natural ageing

Both the weld materials used in this research vecdea post weld heat treatment as shown in
Table 4.3. The PWHT is applied to relieve and oedany residual stress that may have
occurred during the weld procedure. Another berddfithis procedure is to promote the

precipitation of carbides, thus avoiding the preseof elements in solid solution, mainly N
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and C. Therefore it is not expected for the matetdo have aged naturally at room
temperature. However, the tensile strength fordita gathered for the 5%SA conditions are
slightly higher than those in the AR condition. igmaybe an indication that the material
might have aged naturally before testing was cotedlic During the prestraining process
none of the AD microstructure exhibited a yield mpiwhilst the majority of the RH
microstructure specimens did exhibit a yield point.

6.4.1.5Work - Hardening Exponents

It is evident from the results obtained and theussions thus far there has been a reduction
in the work hardening exponemt.for both microstructures after cold deformatiorml atatic
strain ageing. Over the test temperature rang&2fPC to 20C the AR condition exhibited
mean work hardening exponent values of 0.19 comdpar®.11 for the 5%SA condition. It
should be noted that the difference between thekwmardening exponents between
microstructures is small, any interpretation is matbre challenging because it is difficult to

locate the entire gauge length within a single ostnucture.

The attainment of work hardening exponent valuemfthe true stress-true strain curves is
easier for the AR, mixed and transverse conditibasause as load increases, the work
hardening is more evident in these conditions. @s$tenation o values becomes difficult
as the interpretation of the 5%SA curves exhilaittéined behaviour in the plastic region of
the curve. Nevertheless, both the AD and RH mionotures exhibit constantly lower work
hardening values when there are subjected to theisig and ageing process compared to
those in the AR condition.

Therefore, it can be inferred from the lowvalues that the work hardening capacity of the
microstructures is affected. Values of work-hardgrexponentn, for both welds exhibited
no effect of temperature within the temperatureyeaz196 to 28C) used in the current work.

However, in general the ADAR microstructure exlgbgimilar n values (0.09 to 0.23)
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compared to RHAR microstructure (0.10 to 0.23),Isthihe AD5%SA condition exhibited
similar but reduced work hardening exponent vakaeging from 0.07 to 0.12 and 0.08 to
0.13 for the RH5%SA condition. The AD5%SA and RHAmcrostructural conditions
respectively, lowest (mean value of 0.11) and hsghenean value of 0.1 values at
equivalent temperatures (shown in Fig. 6.17(thprefore the work hardening capacity of the
AD microstructure is more affected static straieiag than the RH microstructure. It should
be emphasised that values were obtained in region of uniform plasteformation up to

maximum load.

6.4.2Charpy Tests

6.4.2.1Effects of Notch Plane Orientation

It has been discussed in Chapter 4.7 that the @lsggcimens were machined with the notch
plane orientation defined that the notch root wagddhple only a single microstructure, the
notched face of the specimen is parallel to thection of the weld. The root of the notch
was fixed to a specific location with respect te thicrostructure. The main advantage of the
surface notch orientation was to allow for the asseent of impact properties for a single
weld metal region, either AD or RH. However thegetry of the multipass weld and the
size of the last deposited weld bead would notalize cross-section of the Charpy impact
specimens to sample only one microstructure. Thisecause although the notch root is
placed within the AD microstructure, specimen halexamined from the lower shelf and
transition region usually consisted of both micnestures. This study should be
differentiated from those of Novovic and WenmeB8,[14] both of which had Charpy notch
faces perpendicular to the welding direction. #&mtigular Novovic worked with a C-Mn
weld metal which contained a lower number of weddges than the weld metal used in this
programme of work, and consequently larger weldibgthis permitted the sampling of only

one microstructure.
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6.4.2.2Upper and lower shelf behaviour

The upper shelf energy levels of both microstrueguare very distinctive for the AR and the
5%SA conditions, with the RHAR and the AD5%SA prasey the extremes, with the
AD5%SA condition consistently exhibiting lower vaki On the lower shelf the energy
levels are indistinguishable whereas on the uppeif ghey are different values. This
behaviour is also noted in the plots for the dadfilumbnalil, lateral expansion and percentage
of crystallinity versus both temperature and eneapgorbed. Comparisons of impact
transition curves for the AD and RH microstructuegealed the RH microstructure was not
as affected when strained and aged compared wghAD microstructure. The RH
microstructure saw a decrease in the USE of 27Jpaced with 35J for the AD
microstructure, this may be related to the higherkwhardening exponent values for the RH
weld microstructure for both the AR and 5%SA coiodis, also the reduction in the upper
shelf energy could be a consequence of the redwoekl - hardening capacity of the strain
aged materials, as there is an appreciable reduotioboth microstructure following strain

and ageing.

It has been shown that the micromechanism of fractithe upper shelf energy level for the
weld metal in all microstructural conditions is moeoid coalescence. Absorbed energy
results and fractography showed the AD microstmacexhibits higher temperature values
corresponding to 0% crystallinity than the RH mstracture for all conditions. The onset of
the upper shelf temperature region is not stroaffigcted by prestraining, both Novovic [13]

and Patrocinio [15] obtained the same conclusi@pecimen tests at lower temperatures
essentially failed by brittle cleavage fractureheTimpact energies in this lower shelf region
are so small that any variations caused by miarogtre in all conditions are not

differentiated.

Microvoid coalescence and the amount of energyraksioare expected to depend strongly on
the work hardening exponent, second phase parteidstheir distribution. Noting that the

2D distribution of inclusions is closely similar both microstructures, then the influence of
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the work-hardening exponent would be expected tmidate. Attempts have been made,
Figs. 6.25-6.29, to analyse the amount of duchlertbnail in each Charpy testpiece and to
relate this to the impact. Any comparison betwd#ferent microstructure and condition is
complicated by the fact that a similar amount oftde crack growth for each condition, at

will occur at different test temperatures.

Similar trends and correlations are also seenhfershear lip size and the lateral expansion
both plotted against impact energy. These shdle Beparation of the microstructures, with
results more scattered than the data set for tlélelthumbnail plotted against impact
energy. However, when plotted (Fig. 6.26) agaiasiperature there is still a separation of
microstructures, in general the AD microstructdog, both conditions exhibits small lateral
expansion, ductile thumbnail sizes and shear lipessiwhen compared to the RH

microstructure in both conditions when comparethatsame temperature.

6.4.2.3Transition region behaviour

Notched - bar impact tests are often subject tosidemable scatter within the transition
temperature region [1, 13-15, 24, 27, 40, 219, 2Z8]. Charpy impact test results for
multipass submerged - arc welds have shown a langaunt of scatter even when located
within a single microstructure as studied as paths programme. This behaviour can be
attributed to several factors; variations in logedperties within the weld metal in specimens
machined from the same microstructure, and vaiigbil the testing procedure. Also the
intervention of cleavage after varying amounts wétde thumbnail extension is an important
factor. However, there are clear differences mithpact transition curves for both the AD
and RH microstructures, which strongly suggestehesld metal regions exhibit distinctive
impact toughness for all conditions studied. $®irej and ageing the materials shifted the
DBTT at 40J by 6% between the two extremes in microstructural dio, RHAR and
AD5%SA. The DBTT shifts at 40J by 45 between the two AR conditions compared with
40°C between the two strain aged conditions. Thesgifices in the DBTT can be related to

microstructure since both the weld metal regiorisiveive similar compositions.
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The Charpy results clearly show that even withia fine beaded welds, as used during this
experimental programme, differences can clearlysé@n in the transition temperatures for
both the weld microstructures AD and RH, and theseome accentuated after strain and
ageing has occurred. The AD microstructure exhidiigher DBTT than the RH
microstructure for both conditions. Within theutlts there is a large amount of scatter within
the transition region and even within a single wstructure. This is attributed to the varying
amounts of ductile crack growth, and then the ugetion of cleavage fracture. There is
however a very clear separation between the twaostizictures and even between the
conditions, thus suggesting a difference in thastasce of the two microstructures to
cleavage fracture. Both of the conditions for Bid microstructure exhibited an increased
gradient of slope in the transition region compatedthe same conditions for the AD
microstructure, shown in Fig. 6.23; this could beeault of the difference exhibited in the
work hardening of the material. The DBTT also éeses as the work hardening exponant,
increases, Fig. 6.24 and Tables 6.15-6.16. Foretkteemes in condition the RHAR
microstructural condition exhibits the lower DBTT @3°C and a meam value of 0.19
compared with the AD5%SA microstructural conditiwhich exhibits the highest DBTT of
15°C and a mean value of 0.11.

When considering a value of ductile thumbnail egien in the transition region, (e.g. &)

the amount of absorbed energy is higher for the odRdition compared with the 5%SA
condition, shown in Fig. 6.27, where the two AR ditions have values of absorbed energy
and ductile thumbnail of 33J and 1.37mm and 65JZza68mm for the ADAR and RHAR
conditions respectively, compared with 19J and @®land 49J and 1.30mm for the
AD5%SA and RH5%SA conditions respectively. It d@seen from these results that the

ductile thumbnail is reduced after the strain aggrocess has been applied.

Within the transition region there is competiticgtween fibrous (microvoid coalescence) and
transgranular (cleavage) fracture. Microvoid ceedmce involves high absorption of energy
and this is related to the amount of deformationinduthe process. On the other hand,



Page|145

transgranular cleavage has a very small contributiothe overall energy absorbed process,
thus the size of thumbnail extension is esserdigkbmote high impact energy values. Work
- hardening exponent also plays a fundamental ilenicrovoid coalescence since this
parameter is directly related to the amount of gnebsorbed per unit of ductile thumbnail

extension.

The results observed from the fracture surfacessureathe percentage crystallinity versus
temperature followed a similar trend to the impacergy versus temperature. Lower shelf
results show 100% cleavage fracture whereas uppf temperatures show 100% ductile
fracture. Higher hardness of the strain aged ¢mmdcould help promote cleavage fracture at
higher temperatures. Also there is a differenadénhardness of both the microstructures and
the conditions which might promote cleavage fraetairhigher temperatures. Also Welt2N
had higher hardness values than Weltd tus lower upper shelf values were exhibited) als
higher DBTT temperatures, as well as smaller anwouwftductile thumbnail and lateral

expansion and a higher percentage of crystalliea #or corresponding temperatures.

In summary, the extremes of microstructural coondsdi the RHAR exhibited the largest
ductile thumbnail extension and a higher amounkewérgy absorbed per unit of ductile
thumbnail extension compared with the AD5%SA caadit On this basis it is possible to
suggest why the RH microstructure exhibited smaleBTT andAUSE shifts after strain -
ageing than the AD microstructure. Within the #igion range there is the occurrence of both
ductile thumbnail extension and then the occurreote&leavage fracture, thus cleavage
fracture directly controls the amount of absorbedrgy at a given temperature. It has been
shown that the RH microstructure has longer duthilenbnail extension compared with the
AD microstructure. Hence the cleavage fracturelrarism intervenes earlier in the AD weld

metal region and especially for the AD5%SA conditio
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6.4.2.3.Forms of the Ductile-to-Brittle Transition (DBT)

Other authors [14, 15] claim there is a close dati@ between the forms of DBT (steady or
abrupt) and the density and distribution of thdodiations and dislocation sources in the
material. Here the AD microstructure exhibits mateady impact transitions and higher
ductile-to-brittle transition temperatures than fREl microstructure for all the equivalent
weld metal conditions, as shown in Fig. 6.18-6.Zbven after static strain ageing the RH
microstructures exhibits lower DBTT (-&8) than the AD microstructure (-42) in the as-
received condition. Thus the latter microstructatpposedly contains higher dislocation
density and also dislocation sources than the Reflasiructure.

The trend of ductile-to-brittle transition can als® correlated with the fracture toughnesg, K
(3crit), of the material. Soft transitions are relatechtsteady increase of thecKocir) with
temperature. Therefore thecKdcit) fracture of the RH microstructure would be expddio
rise less steadily with temperature than the ADrastructure. The different trends in the
variation of crack tip opening displacement (CTQth increasing temperature, for both the
AD and RH microstructures was obtained in earliesrkwby Farron [229] over the
temperature range of -120 to °60) using the same material and was further expldrethg
this current work. Both studies showed that theb2d$A condition and the RHAR condition
were the extremes of behaviour, with these exinifpitihe worst and best CTOD values

respectively.

6.4.2.3.ZEffects of prestraining and static strain ageing ornCharpy impact

energy in the transition region

Within the transition region, there is competititoetween fibrous fracture (microvoid
coalescence), involving relatively high absorptadrenergy since it is related with high levels
of deformation during the coalescence process mrgranular (cleavage) fracture, has a

very small contribution to the overall energy albsal in the process. Thus the size of the
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thumbnail extension is essential to promote higdogition of impact energy (i.e. high impact
or notch toughness). Moreover, the work-hardemixigonent also plays a fundamental role
in the fibrous crack extension process since thisapeter can be directly related to the
amount of energy absorbed per unit of extensioro, f8r the same amount of ductile
thumbnail extension values, the energy absorbdtidgps-received material is expected to be
greater than the 5%SA condition. As shown in Talfld6-6.19 at 100J absorbed energy the
corresponding values of ductile thumbnail extengioe2.37mm and 3.14mm for the ADAR
and RHAR microstructures, respectively, and 1.95mon the RH5%SA condition.
Therefore, the material which exhibits loweralues would need to present a longer ductile
thumbnail extension at the same energy level, iin, tincreasing the chances of a cleavage

intervention through sampling.

6.5Conclusions

1. Significant differences in yield stress and tenstieength were, however, noted after
straining and ageing for both the AR conditionsittlé. effect of microstructure on
yield stress and tensile strength has been seethign study. The ADAR

microstructure did exhibit reduced ductility of tREIAR microstructure.

2. Both of the microstructures and across all cond#joAR, mixed, transverse and
5%SA exhibited a strong dependence of yield stesistensile strength in relation to
temperature, with the strength increasing as thpéeature decreases. Any trend in
work hardening exponent with microstructure werecleawr. However over the
temperature region of -120 to 20C, the mean work hardening exponent for the AR
condition was 0.19 (ranging from 0.15 to 0.23), paned to the strain aged condition,
which exhibited a reduction to 0.11 (ranging fror@8to 0.13).

3. The AD microstructures exhibited increased dudblbrittle transition temperatures

(DBTT) and reduced upper - shelf energy levels camag with the RH microstructure
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in both the AR condition and the 5%SA condition.eaduring the DBTT at 40 J the
Charpy impact transition curves show a clear difiee between all microstructures
and conditions. The RH microstructure has highgpeu-shelf energy levels for.
Lower shelf energies were relatively indistinguisiea amongst the different

microstructural conditions.

. The extremes in conditions the RHAR and the AD5%Sdibited differences in

DBTT and USE values of 66 and 53J respectively. The ADAR condition exlabit
ADBTT40; and USE shift values of -30 and 138J compared with the AD5%SA
condition of 16C and 105J, compared with %&5and 158J for the RHAR and 8D
and 140J for the RH5%SA conditions. The differanbetween the AD and RH
microstructural region transition temperature at)40r the AR and 5%SA conditions
were 45C and 46C respectively.

. A strong linear relationship was obtained betwdenabsorbed energy and increased
ductile thumbnail extension values, lateral expamsand decreased crystalline area.
A similar trend was also observed for temperat@esws increased ductile thumbnail,

lateral expansion and decreased crystalline area.
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Chapter 7 -Results — Slow Notched
Bend Tests.

7.1Introduction

Slow blunt notch bend tests were performed at°“@ath Weld N2 only, to assess the effects
of both microstructures and in both the AR and3%&SA conditions on the cleavage fracture
stress, which is the measure of resistance to atgavSlow blunt notch bend tests are used to
obtain the intrinsic cleavage fracture stress wofaterial, and in this case have been applied to
the AD and RH microstructure to analyse the eftectveld metal regions of the local brittle
fracture stress of the AR and 5%SA conditions. fédsailts from the Charpy impact results
showed very little difference in the lower sheligiens of the impact transition curves
between the different microstructural conditionsnte these tests have been applied to gain a
greater understanding of the mechanisms of thevatgafracture behaviour in both the AD

and RH microstructures.

Four point bending was used for the testing spetiateangement, all the specimens tested at
-196°C failed before the general yield limit as predichy Griffiths and Owen [163]. Results
from the slow blunt notch bend tests are a goodstasse for explaining the temperature
transition behaviour of both the weld metal regiomghe 5%SA conditions. Groom and
Knott [47] found that prestraining causes smallaéases in fracture stress in mild steel. An
increase in the transition temperature was thdtrekthe increase in yield stress due to work
hardening to overcome this problem and the netceffeas an increase in the transition
temperature. It is therefore important to findhis is valid for the weld metal used in this
work, also investigated is slow blunt notch bendtdewere performed for both weld

microstructures in the 5%SA condition to indireatheasure any possible embrittling effect
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of copper precipitation and/ or grain-boundary sggtion of impurity elements that might
have occurred during ageing at 30®n the intrinsic cleavage fracture stress.

7.1.1Results

A photograph of a slow blunt notch testpiece iswvahin Fig. 7.1, the specimen measures 10
x 10 x 55mm with a notch located at the centrehefd¢pecimen. The specimens were EDM
machined (wire eroded), Fig. 7.2 shows three phatwographs of the notch from the
ADAR, RHAR, AD5%SA and the RH5%SA conditions, itnche seen how accurately the
notches have been produced, which is critical iits experiment. Load displacement data
was obtained for Weld 12 for both the AD and RH microstructures in bote #hR and
5%SA conditions. The data was recorded using & obeorder and noting the fracture loads,
Pmax, for tests conducted at -1%H these traces are not included in this work, ghes
experiments were carried out on Dension Meyes machiited with a 50kN load cell. It can
be seen that in general the AD microstructure etddblower fracture loads, than the
equivalent RH microstructure. Fig. 3.22 shows f@n$ and Owen [163] analysis calculated
through FEM to find the variation in stress intdigsiion ratio (R=cyyma{cy) below the notch
root for different loads, Fig. 3.21 shows the vémia in stress intensification with applied
load. These figures have been used to calculat®@ the experimental results the local
cleavage fracture stressxo, as well as values of gXdistance being obtained from
fractography, these are presented in Table 7.1samimarised in Table 7.4 for both weld

metal microstructures and both conditions.

Fig. 7.3 illustrates local cleavage fracture stress, it can be seen that the AR weld metal
microstructures are higher than those observedher5%SA materials. Local cleavage
fracture stressgyxo, range from 1514 to 1940MPa for the ADAR conditimmmpared with
2003 to 2221MPa from the RHAR condition, this isontrast to 1629 to 1786MPa and 1739
to 1869MPa for the AD5%SA and the RH5%SA microdtrited condition respectively. One
specimen, ADAR1 failed extremely early at 11.70 kiNpn further analysis and fractography
it was found to have an extremely large slag inolusclose to the notch root.
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For the AD microstructure the mean values for tbeal cleavage fracture stressyo,
calculated using the cleavage fracture initiaticde ¢CIS), decreased from 1910MPa at -
196°C in the AR condition to 1710MPa in the 5%SA coiudit Similarly for the RH
microstructure there was also a decrease in the vedaes for local cleavage fracture stress,
oxo, from 1808MPa for the RH 5%SA condition compareithw2078MPa for the RHAR
condition. In general the AD microstructure exlebitlower cxo values than the RH
microstructural region for equivalent conditionBlo significant difference in the meaiyo

values are found for either the RH or AD microstuues after prestraining and ageing.

Using Griffith and Owen [163] FEM analysis and eiijpra 4.16 the maximum principal
tensile stresspyymax, Was calculated for the two microstructures; ADd @H, in both
conditions, AR and 5%SA are presented in Table &a2d 7.3, for the AR and 5%SA
conditions respectively, these tests were carrigcab-196C. All results are summarized in
Table 7.4 and plotted in Fig. 7.4, tbgmax data for the ADAR microstructural condition
ranged from 1600 to 2196MPa compared with 174B&8MPa for the AD 5%SA condition.
Both the RHAR and the RH 5%SA conditions exhibited increase in theyymax values
ranging from 2118 to 2291MPa and 1866 to 2258MRatfe RHAR and the RH 5%SA
conditions respectively. It can be seen that tBemicrostructure exhibits lower maximum
principal tensile stress values then the RH micoastire for similar conditions. For the AD
microstructure, the mean principal tensile stremsi@scyymax decrease slightly from 1989 to
1795MPa for the AR condition compared to the 5%®Adition. However from the RH
microstructure there is a slight increase in theammaximum principal tensile stress from
2212MPa in the AR condition to 1994MPa for the 5%$éndition. Again the AD
microstructures from equivalent conditions exhiitewer oyymax maximum principal tensile

stress values compared to the RH microstructure.

Plotted in Fig. 7.5 is the relationship betweenalocleavage fracture stressy,, and the
maximum principal tensile stress,ymax. Ideally, there would be a perfect correlation

between these values,df, occurred at the exact position of the maximum gipal tensile
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stress. Clearly from this figure they are closexpnity, but not exact. Fig. 7.6 illustrates the
location of relevant cleavage fracture initiatiotes plotted against the FEM analysis of the
stress intensification factét versus X%, the distance below the notch, at various loads v
notch root radii of 200m. It can clearly be seen for equivalent micragtital conditions
that the AD microstructural specimens fail at lowalues of R than the RH microstructural
conditions. The AD5%SA weld metal condition ane& tRHAR are the worst and best
conditions respectively, with the AD5%SA conditierhibiting the lowest values & and
the shortest Xdistances, compared to the RHAR weld metal camditwhich exhibited the
larger values of R with longergdistances. In Fig. 7.6, it can now be seen thas Sccur
closer to the notch than the position of maximunsile stress.

From the FEM analyses, the values of stress irfteason ratio, R (oyyma/oy) were
calculated, and are presented in Fig. 7.7. Rhalue range for the ADAR microstructural
condition was 1.84 to 2.52 and this decreases &f#68A to 1.77 to 1.88 (AD5%SA).
Mirroring this, the RHAR has R value range of 2.42 to 2.63 compared to 2.01 t@ fbdthe
RH5%SA microstructural condition. Thus the AD nostructure exhibits lower stress
intensification values and therefore has less ta@®te to cleavage initiation and fracture than
the RH microstructure for all conditions studielt.can also be inferred from the diagram
there is a significant reduction in the meé&ifrom the AR condition compared to the 5%SA
condition, for both microstructures, also explaghmhy 5%SA condition has lower resistance
to cleavage fracture. For the purpose of intempgathe dataR values above 2.62 have been
discounted, (RHARDS).

The X distance for the all weld meal conditions is shawirig. 7.8, it can clearly be seen
that both the AD microstructural conditions exfabitsmall X% values compared with the
respective RH microstructural conditions. The values for the ADAR microstructure
ranged from 187 to 24fn compared to 236 to 32t for the RHAR microstructure, these
both decrease to 189 to 2d2 for the AD5%SA condition and 201 to 244 for the

RH5%SA condition. Using the FEM analysis obtaitgdGriffiths and Owen, as shown in

Fig. 7.9, illustrates the spread of plasticity,below the notch root at various loads. Using
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this graph it is possible to estimate the sizehef plastic zone region underneath the notch
root for the various microstructural conditionsedk results are plotted in Fig. 7.10. The
RHAR microstructural condition exhibits both thelherx values and the largest amount of
plastic spread, compared with the AD5%SA weld metaldition which exhibits the smallest
plastic region ahead of the blunt notch and theekiwvalues. Straining and ageing the weld
material appears to effect to the spread of pl&gtidt is clear that a single cleavage initiation
site is more distant from the blunt notch root flgigX, valves) for larger spread of plasticity.
The RH microstructure in the AR condition exhibitdte largest spread of plasticity and

therefore the AD5%SA microstructural condition dits the smallest plastic region.

7.2Fractography

Extensive fractography has been carried out orblinet notch specimens, on both halves of
the fracture surfaces. Examination of the blurttihdacture surfaces involved location the
site of cleavage initiation (CIS) and the measufeimtiation features (non-metallic

inclusions) from the notch root (X

The broken halves of two fracture surfaces are shawig. 7.11 these specimens were tested
at -196C and sampled the AD and the RH microstructure. géneral there was 100%
coverage for the RH microstructure samples, congpanéh the AD microstructure, which
dependant upon the notch location in relationsbighe sample had approximately 45%
coverage. The area of coverage for the AD micuotiire is consistent for both the Charpy
specimens and CTOD specimens which were testednwille lower shelf where brittle
fracture is more predominant. It should be noteat the notch region and the plastic zone,
formed during loading ahead of the notch only sawh@ single microstructural condition
either AD or RH.
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All the specimens from both the AR and 5%SA coodsi for both microstructures were
examined. Overall it was more difficult to locdke cleavage initiation sites in the RH weld
metal region compared to those in the AD weld me&gjion because of to the finer
microstructural nature of the RH microstructurelthdugh not measured carefully as part of
this study, it was clear that the AD microstructasibited larger cleavage facets than those
observed in the RH microstructure.

Fig. 7.12 through to 7.21 show examples of fra@phy taken during the analysis of the
blunt notch samples. Fig. 7.12 shows the fracturdace of RHAR4, the overall fracture
surfaces is shown with the distinctive river lineghe cleavage initiation site. At the centre
of the cleavage initiation site is a void Fig. 1d)also labelled is some secondary cracking
Fig. 7.12(c). Fig. 7.13 shows an ADAR fracturefsce, again there are the distinctive river
lines indicting the cleavage initiation site. Astinctive fracture surface feature of the AD
microstructure are cleavage steps, Fig. 7.13(dso Ahown is a decohered inclusion on the
fracture surface Fig. 7.13(d). An example of tiwerall fracture surface of an AD5%SA
microstructural condition is shown in Fig. 7.14(tje cleavage initiation site is clearly seen
with an inclusion located at the centre of the €i§g 7.14(c). Fig. 7.15 shows an example of
a RH5%SA microstructure fracture surface, the deavinitiation site is shown in Fig.
7.15(c) and 7.15(d), however this sample seemsawe lwo initiation sites close together,

therefore it would be hard to establish which atéd cleavage fracture in the specimen.

Fig. 7.15 to 7.21 exhibit more examples of cleavaggation and fracture surfaces for a
range of samples. The cleavage initiation sites ganerally characterised by macro and
micro-river lines, cleavage steps generally obskmvethe AD microstructure, secondary
cracking and decohered inclusionsy distance values for both microstructures in theakid
5%SA conditions are plotted in Fig. 7.8. Gener#ily RH microstructure exhibits highep X
values than the AD microstructure for equivalemditions. It should therefore be noted that
all slow blunt notch bend tests were carried oull&6°C and changes inpé@are hence related

to only to the different microstructural conditions



Page|155

7.3Discussion

7.3.1Blunt Notch Tests

Slow blunt notch tests, carried out at liquid nigea temperature -186, in four point
bending allow the effects of different microstruetuconditions on the resistance to cleavage
of the weld metal. The discussion will focus ondbcleavage fracture stressp, depending

on microstructure; this is as a result of differenhdeing found between the AD and RH
microstructures, for both the AR and 5%SA conditioBvents are to be considered on a
microstructural scale. The relation of fractureigioness to local cleavage fracture stress
relies on the identification of “critical distancg203] when dealing with the difference
microstructures and the two different conditionBespite the relatively small quantity of
specimens tested in each microstructure, the firengd RH microstructure presented

considerably higher cleavage fracture resistanae the AD microstructure.

The discussion is based on the evaluation of sofrteeomicrostructural features of both
microstructures; e.g. non-metallic inclusion sig2B distribution) as well as measured facet
sizes from the cleavage initiation sites with thacal” Griffith criterion equation approach.
Changes in flow properties of both weld metal ragi@fter prestraining and static strain
ageing are used to explain lower localised cleaVeayture stress of the AD microstructure.
Also considered, is the statistical nature of samgppotent inclusions of radius sufficiently

large enough to propagate a micro-crack (pennyestjaprough the matrix.

7.3.2Previous proposed model for cleavage fracture in GAn weld

metal.

Tweed and Knott [143] proposed a model for cleaveaeture in C-Mn weld metal; based on

results from their limited investigation. Theirpetimental results also indicated the same
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basic concept can operate in both AD and fine-giaih weld metal microstructures.
Previous research has also reached similar conasisor C-Mn and low-alloy ferritic steel
weld metals [13-15]. Essentially the model requipgior plasticity to crack an inclusion,

followed by catastrophic failure from such unigaodgiation sites.

The effects of prestrain and strain ageing on @gaviracture in mild steel [47] and C-Mn
[230] steels assessed using single-edge-notcheamingres in slow bending established that
temperature at which fracture is coincident witmeyal yield increases as a consequence of
these treatments. This implied that prestrain simdin ageing treatments promote brittle
fracture to higher temperatures. In the currentkwonique initiation sites at inclusions have
been established in many cases. This allows tba& ldeavage fracture stressq, to be
predicated accurately from the Griffiths and Owéess analysis [163], see Fig. 7.3 and Fig
3.22. Here, there is no increase in cleavageuradtress as a consequence of strain ageing.
Indeed, based on the mean values obtainedygrTable 7.1, there appears to be a decrease
in oxo after strain ageing. Table 7.1, also suggests tt@tRHAR microstructure, has
increasedyo than the ADAR microstructure. The RHAR microstore in both conditions
exhibits increasexo compared to the AD microstructure.

7.3.3Static strain ageing effect on cleavage fracture.

Cleavage fracture in low-alloy ferritic steel wettketals is controlled by the development of
tensile stress ahead of a stress concentrator.n\ldlad is applied to a testpiece, the elastic/
plastic strain ahead of the stress concentratdrinvihe process region increases shown in
Fig. 3.22 [163], thus nucleating a microcrack iittler non-metallic inclusion or second phase
particle, this propagates on the attainment ofctitecal tensile stress. This cleavage stress is
considered to be temperature independent [7, %2]1,152, 153]. The materials flow
properties control the cleavage fracture resistanithin the material, other influencing
factors are the distribution of non-metallic inchrss and microstructural parameters, such as
grain size and microstructural constituents, fowitiin the highly stressed zone ahead of the
blunt notch. Both the as-deposited and reheatenlostructures possess similar inclusion
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distributions, with static strain ageing not effegt or modifying the 2D inclusion size
distribution, as shown in Table 5.2 and Fig. 5.&d discussed in Chapter 5.2.2. As a result it
can be inferred that there are two factors whichldtdoe controlling/ influencing cleavage
fracture resistance of the weld microstructure:lfg microstructural parameters (e.g. grain
size, inclusion size distribution, microconstitu®nwithin the process zone ahead of the crack
tip and (ii) plastic behaviour e.qg. yield stressand work hardening exponemt

7.3.4Plastic deformation and strain ageing in low alloyferritic

steel weld metal.

During this current work it has again been showat tblasticity is required, but is not a
sufficient condition for the onset of cleavage fuse, as the fracture stress in tension at -
196°C is greater than the yield stress for all weldahebnditions. Meamw,ymax values at -
196°C were 1989MPa and 2212MPa for the ADAR and the RHANditions, compared to
yield stress values of 863 MPA and 901MPa for #imaes conditions respectively. This trend
was the same for the 5%SA condition, with the Al &H microstructures exhibiting yield
stress values of 885MPa and 987MPa at °@96orrespondingyymax Values were 1795MPa
and 1994MPa, shown in Fig. 6.11 and 6.17, Tabl@and 7.3. This underlines the
observation in Chapter 5.3.2 that yield stress @@adindoyymax are not representative of the

weld metal as a whole due to the inhomogeneousenafihe material.

It would be reasonable to deduce that plastigieceded cleavage fracture in the weld metal,
this was also inferred by Tweed and Knott [7, 1#8] C-Mn weld metals. This is also
confirmed by the fact that local cleavage fractsiress values are localised within the plastic
process zone ahead of the blunt notch root. Aisthe same study, Tweed and Knott [7,
143] observed that if total strain in the matergatelatively low, roughly smaller than 7%,
then strain is perhaps more easily accommodatedebymation of grain boundary ferrite,
which is a relatively soft constituent. It hascalseen suggested that the cleavage initiation

micromechanism at lower strains could be associatttdplastic deformation solely in the



Page|158

grain boundary ferrite constituent [7]. Previoushawus and research [7, 13, 14, 52, 71, 113]
has highlighted the deleterious effect on fractotgghness of C-Mn steels and weld metals
and also in Mn-Mo-Ni steel weld metals [14, 15] dadghe occurrence of grain boundary or
allotriomorphic ferrite constituents in the maté&imicrostructure. More recent research [14,
15] has also concluded that initiating inclusionsreviocated within large allotriomorphic
grains in a C-Mn weld metal within the AD microstture. This is in agreement with the
results from previous research [15] and observethduhis current work, however these
were not measured as this would be outside theemuscope. The fractography presented
here revealed that initiating inclusions are lodatgthin larger allotriomorphic ferrite grains
in the AD microstructure and this is in good agreamwith previous authors [14, 15].
However it should be noted that both microstrugupresented similar inclusion size
distributions, Chapter 5.2.2. In the RH microstuwe the initiating inclusions were still
located within larger cleavage facets; however éhegsre smaller than the corresponding
allotriomorphic ferrite grains in the AD microsttuce. It should also be noted that a similar
trend was also identified during fractorgraphic rexaation of tensile, Charpy and CTOD

fracture surface samples and examining cleavagation sites of both microstructures.

Assuming that inclusions crack under the influen€ea dislocation pile-up and the stress
magnitude depends on the length of the dislocapiberup, then a large allotriomorphic
ferrite (generally found in the AD) would be moretgimental to cleavage fracture resistance
than the small equiaxed grains (generally foundthe RH microstructure), since the
allotriomorphic constituent would contain longersidcation pile-up lengths. If global
prestraining procedure is uniform, than the tote¢éss applied during the cold deformation
should be more equally distributed in the RH mitmadure (due to its equiaxed ferrite
grains) compared to the AD microstructure wheraltstrains may be more accommodated
by deformation of grain boundary ferrite than ofiert constituents such as acicular ferrite.
Hence, large allotriomorphic ferrite grains anddatislocation pile-up lengths may explain
why the AD microstructure is more sensitive to istatrain ageing than the RH
microstructure and therefore presenting a loweav@ge fracture resistance.
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The importance of the facet size parameter in riedute cleavage fracture resistance of the
weld metal is in agreement with early dislocatiorodels for cleavage fracture of a

polycrystal, where cleavage fracture stress igedl# the materials grain size through the
Petch [178] model for yielding. However, the imhce of facet size in allowing the easier
propagation of a microcrack from grain to grainwes that this debate will run for many

decades to come.

7.3.5Relative position between maximum principal tensilestress

(6yymax) @nd the cleavage initiation site.

Maximum tensile stres$yymax IS shown (Fig. 3.22) below the notch root [16From the
analysis is it possible to see that the pegkaxis always located behirttie elastic/ plastic
interface and moves further as the load is appti@t the notch root, and plastically spreads.
The results of this current work have shown thastad the cleavage initiation sites are
located in close proximity to, but closer to theéahothen, the peak tensile stress, as predicted
from the finite element analysis, as shown in Fig. Specimens sampling the AD
microstructure exhibit lower stress intensificatimalues than those sampling the RH
microstructure for both the AR and 5%SA conditionEhis is due to the higher yield stress
values and the lower values ®f, exhibited for the AD microstructure compared tot tbk
the RH for a similar conditions Fig.7.7. The caqsence is that less stress intensification, R,
is needed to attain the critical fracture strelssaddition, all the catastrophic cleavage events
are located above the 858¢max level for both of the weld metal microstructuresl dor all
conditions studies in this current experimentalgpamme. This demonstrates that cleavage
fracture starts reasonably close to the maximunalloensile stress and within the area
covered by 85% obyymax this tends to support the critical stress cofedbicriteria for

cleavage fracture initiation from non-metallic iasions.

All the specimens tested at -f@6failed within the plastic zone, this is essendisithe strain

and ageing procedure affects the deformation ptiggeof the weld metal conditions, as
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previously discussed in Chapter 6.4. This restfiér® good support from the different
response of meangXistances exhibited from the AR condition and 3B&SA condition for
both microstructures. The distance, Xvhich is between the blunt notch root and the
cleavage initiation site (CIS), depends on the asituctural condition of the weld metal.
The AD microstructure generally exhibits shorterdistance than the RH microstructure for
equivalent conditions. It also exhibited smallgrsKifts in both the AR and 5%SA condition
than the RH microstructure Fig. 7.6. In short éhessults reinforce the fact that the RH
microstructure exhibited a greater local cleavaget@ire stresssxo than the AD condition for
similar microstructural conditions. Thus it is cial that the stress intensification ratio is
increased to higher levels in order to reach tlygiired local cleavage fracture stress. As a
consequence the size of the plastic zone becomgs land the cleavage initiation sites (CIS),
the distance X shifts further away from the root of the blunt ctot(for the RH

microstructures).

The tensile stress criterion predicts that catpbimcleavage fracture occurs in slow blunt
notch bend testing when the stress intensifies.usTthe principal local tensile stress
overcomes the intrinsic cleavage fracture stress@itent initiation site, for example a non-
metallic inclusion, which is located ahead of tthenb notch in the plastic process zone. The
variations in the experimental results fog #r all the microstructural conditions could be
explained by the possibility of sampling a inclusiaf a given size<3.5um) in the high stress

region.

In conclusion the AD weld metal microstructure doits lower local cleavage fracture stress
values,oxo compared to the RH microstructure. This is dedute be due to the RH
microstructure having small facet sizes at thewga initiation sites, for similar inclusion
size distribution between the weld metal regioddso any small changes in local cleavage
fracture stresspxo, are observed for both microstructures after ttagics strain ageing
procedure, shown in Fig. 7.3, with an increasehm Yield stress. This contributes to early
onset of catastrophic cleavage fracture in bothdvmeicrostructures and conditions and this

supports shifts in DBTT after static strain ageing.
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Therefore, despite cleavage fracture stress rentpjmactically the same after the strain and
ageing procedure, the cleavage fracture resistahdmth microstructures, (mainly in the
AD5%SA microstructural condition) is expected to Heeluced due to an increase in yield
stress. Chapter 8 explores in more detail theioalship between local cleavage fracture
stressoxo and yield stressy with the cleavage fracture resistance of the weddal in the
presence of a sharp crack, together with the tiansshifts obtained from the Charpy impact
tests.

7.3.6Relationship between inclusion size and local cleage

fracture stress,6xg.

By applying a modified Griffith relation, Curry arthott [158, 191, 231], have inferred the
fracture stress of spheriodised carbides by trgatmicrocrack propagation from
microstructural constituents as propagation of angeshaped crack. Using the modified
Griffith equation, presented in Section 4.2.9, stireate the fracture stress for non-metallic
inclusions and evaluate cleavage fracture resistaicweld metal. Inclusion sizes and
corresponding facet sizes were not evaluated iaildest part of this current work. However
using Griffiths and Owen [163] to evaluate locaalage fracture stresgo values, these can
be plotted against the reciprocal square root efiticlusion size located at these cleavage
fracture initiation sites see Fig. 7.6, for eactenostructural condition. From this figure an
effective surface energy,, can be estimated by using equation 4.17.

Previous research [14, 15] using WeltLhas shown that effective surface energies fdn bot
the AR and 5%SA conditions in the AD microstructuas 7.6Jrif and 8.0Jrii for the RH
microstructure. Wenman [14], using a similar cosipon of material also noted a
comparable mean valyg of 7 Jm? in the AR weld metal condition, with previous ath for

a value ofy, in “classical weld” metal microstructures 93122] and numerous types of plate
materials containing carbides 143rtCurry and Knott [155, 158, 231]) and 4.3 to 6Im
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(Bowen [10, 11]). The relationship between theimexal square root of the inclusion
diameter and local cleavage fracture stress, heeey weak. Thus for the onset of cleavage
fracture to occur the size of the inclusion is aessary constituent but not fundamental, as

the majority of non-metallic inclusions vary inairom 1.1 to 4.bm, as shown in Fig. 5.21.

Nevertheless fractography did show that the famssat the cleavage initiation site were
visibly larger in the AD microstructure than thasleserved in the RH microstructure. Thus
cleavage initiation sites with larger facet sizas, exhibited in the AD microstructure are
deduced to be explainable for the poor cleavagetura resistance of this microstructure,

compared to the fine equaixed RH microstructure.

7.4Conclusions

1. The AD microstructure exhibited slightly lower ldoaeavage fracture stressyo,
values than the RH microstructure for similar cdinds. Mean values afxo were
1910MPa and 2078MPa for the ADAR and RHAR condgioaspectively. After
strain ageing, mean values®f were 1710MPa and 1808MPa for the AD5%SA and
RH5%SA conditions, respectively. Thus local clegeré&acture stresses for both weld
metal microstructures were slightly reduced aftegspraining and statically strain

ageing.

2. Locations of cleavage initiation sites for all nustructural condition were located
within the plastic zone ahead of the blunt notcti elose to the predicated position of

maximum principal tensile stress in the specimen.

3. Non - metallic inclusions were found to the primalgavage initiation factors for

cleavage fracture to occur. These were from thgeupail of the inclusion size
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distribution and were of similar sizes in both m&iructures. It was also observed in
the weld metal, that the RH microstructure visuakhibited considerably smaller
cleavage facets sizes compared to those of the Eibstructure at cleavage initiation

sites.
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Chapter 8 -Results - Crack Tip

Opening Displacement (CTOD)

Tests.

8.1Introduction

This chapter explores the effect of static strgjeilag on the CTOD behaviour of small - scale
specimens, for both weld metal microstructures s@test temperature range of “®fo
20°C to compare their resistance to stable crack droetension and brittle fracture.
Examination of the effect of initial pre-crack lehgon the type of fracture obtained are
investigated in some detail. Fractography was edrout on the fracture surfaces of the
specimens to confirm that the fatigue precrackwgs properly located within the desired
microstructure; checks were also made to ensure thtiea corresponding physical crack
extension had propagated within the same micrastreic In Chapter 9, results are compared

to Charpy, tensile and slow blunt notch tests.

8.2Results

8.2.1Fatigue pre-cracking.

Upon completion of the CTOD tests, the fatigue ek length was measured at nine
equally spaced positions along the crack frontjescribed in section 4.9. The average pre-
crack length, @ is used to calculate the CTOD value, shown inld=al8.1 to 8.18. Also
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shown are\%0 values, where W is the width of the specimen, Wwhscalso used to calculate

CTOD values. British standard BS7448: Part 4, 11@@Liires that the crack length,should

be within the range of 0.45 to 0.%. Due to the weld microstructure and the weld bead

height measuring between 0.45 to 0.55mm for Wt &hd 0.33 to 0.45mm for WeldRlit
was not possible to meet the requirements of thiesBiIStandard. This is due to the need the
fatigue precrack and any stable crack growth tavlikin the designated microstructure, as

previously discussed in section 4.9.

8.2.2CTOD Results for Weld N°’1.

CTOD test results for Weld W are shown in Tables 8.1 to 8.4 and have beegrassithe
correctd, 6, andon, designations where:

* 9§ - critical CTOD at the onset of brittle crack end®n whema is less than 0.2 mm;

* 9§y - critical CTOD at the onset of brittle crack ex¢eon whema is equal to or greater
than 0.2 mm,;

* Oy - value of CTOD at the first attainment of a madimforce plateau for fully plastic

behaviour.

A total of 42 AR specimens were tested, 20 ADARcspens and 22 RHAR specimens and
32 specimens in the 5%SA conditions, consistinfs&D5%SA specimens and 17 RH5%SA
specimens. These results are presented in Fig.t8.8.7. Load versus clip gauge
displacement curves are illustrated in Fig. 8.18td for all specimens, for all four

microstructural conditions.
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ADAR microstructure CTOD values ranged from 0.005t368mm across the temperature
range of -196 to 2. Across this same temperature range the RHARostiticture
exhibited CTOD values of 0.003 to 0.582mm. As wgitevious experiments carried out
during this programme the 5%SA condition exhibii@der CTOD values when compared to
the AR conditions. CTOD values ranged from 0.022.058mm and 0.007 to 0.263mm for
the AD5%SA and the RH5%SA microstructural condsionespectively, across the

temperature range of -120 to°20

As illustrated in Fig. 8.5 to 8.6, the ADAR micrasttural condition exhibited. values
ranging from 0.005 to 0.060mm across the tempeatange of -196 to -16C. One
specimen, ADAR specimen 1, exhibitedavalue of 0.128mm tested at room temperature.
This specimen failed extremely early, the reasorife cause of failure was unknown, so was
investigated further on the SEMJ, values ranged from 0.070 to 0.280mm across the
temperature range of -80 to @) whilst thed, values across the temperature range of -60 to
20°C ranged from 0.150 to 0.368mm. In comparison, rttzgority of the RHAR samples
were &, values; these ranged from 0.289 to 0.594mm for tBRCFC, only 4 samples
exhibited$, values across the temperature range of -100 fi€;48ese ranged from 0.091 to
0.408mm. There were only thrég specimens with CTOD values ranging from 0.003 to
0.064mm across the temperature range of -196 @c12hown in Fig. 8.5 and 8.6.

The AD5%SA microstructural condition only exhibitego 5, values, both at 2C, of 0.119
and 0.100mmg, values ranged from 0.004 to 0.027mm from -120 @G6and there were 5
specimens that exhibiteg values ranging from 0.050 to 0.084mm for the terapge range
of -40 to 206C, shown in Fig. 8.5 and 8.7. Finally the RH5%SAnwstructural condition
exhibited 4 specimens with, values at -120 to -6C, exhibited CTOD values of 0.005 to
0.085mm compared with, values ranging from 0.099 to 0.193mm across thep¢eature
range of -60 to -4, with §,, CTOD values ranging from 0.204 to 0.276mm for -4@@C,

as shown in Fig. 8.5 and Fig. 8.7. It shouldnbéed that thé,, value is sensitive to the
remaining ligament size and specimens with simidues of original crack length should be

compared to establish any trends within these teséllso the amount of stable crack growth
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length, Aa was not measured here given that testpieces pase general yield (plastic
collapse).

Fig. 8.8 shows the amount of stable crack growthef@ measured) plotted against the CTOD
value, (values for the amount of stable crack ghoare shown in Tables 8.1 to 8.4). The
stable crack growth ranged from 0 to 0.545mm fa ADAR microstructural condition,
compared with 0 to 0.426mm for the RHAR microstmuat condition. Stable crack growth
for the 5%SA condition ranged from 0 to 0.410mm @artd 0.268mm for the AD5%SA and
RH5%SA microstructures respectively. Fig. 8.9gthates that the increasing temperature
corresponds with an increase in the amount of statdck growth. It can be seen that at -
80°C that the AD5%SA and RH5%SA microstructural coodis both exhibited. values,
with both of the AR microstructural conditions ebiting o, values. It can be seen that at
lower temperatures all four of the conditions exih 6. values. As the temperature
increases a mixture @, andd, values are exhibited in the transition region. efEhwas
mixture ofd, anddn, values on the upper shelf regi@g, values are not plotted on this graph

as stable crack growth was not measured for treeselss (since taken past general yielding).

8.2.3CTOD Results for Weld N°2.

The test results for Weld °® are shown in Tables 8.5 to 8.8, have been surseth@nd
assigned the correct CTOD designations. 42 ARispats, 20 AD and 22 RH specimens
were tested and 25 specimens in the 5%SA conditidAD and 13 RH specimens. Figures
8.10 to 8.13 exhibit the load versus clip gaugepldiement graphs for the four
microstructural conditions while Fig. 8.14 to 8.&hibits the CTOD values plotted against
temperature. It is clear from the Figures preskmiere and for Weld W that AD5%SA
microstructural condition exhibits lower work-handiey exponent and a higher maximum
load plateau compared to the AR condition. Thisaveour is a result of higher yield stress
levels and low ductility exhibited by the 5%SA cdrah.
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CTOD values ranged from 0.027 to 0.538mm for theARDmicrostructural condition across
the temperature range of -140 to°QQ across the same temperature range the RHAR
microstructure exhibited CTOD values of 0.086 t81amm. The 5%SA condition again
exhibited the lower CTOD values when compared WithAR condition. For the AD5%SA
condition the CTOD values ranged from 0.026 to B and 0.034 to 0.561mm for the
RH5%SA condition as the same temperature rangeh@sAR condition. The ADAR
microstructural condition across the temperaturgeaof -120 to -8, 5. exhibited values
ranging from 0.027 to 0.072mm. Values &granged from 0.066 to 0.246mm across the test
temperature range of -80 to @) whilst §,, values ranged from 0.303 to 0.538mm for the
temperature range of -40 t0°20 As with the results in WeldW, the majority of specimens
for the RHAR microstructural condition for Weld®Nexhibiteds,, values, these ranged from
0.510 to 0.811mm, across the temperature ranges®fte 20C. Only six specimens
exhibited s, values and these ranged from 0.248 to 0.509mnthfotemperatures -80 to -
60°C. Across the temperature range of -120 to °COMere were seven RHAR specimens

with &; values noted and these ranged from 0.086 to 0.892m

Again for Weld N2 the 5%SA condition exhibited the lowest CTOD esluthe AD5%SA
condition exhibited tw@, values ranging from 0.402 to 0.455mm, both at réemperature.
Threes, values were observed from -60 to “@0nhich exhibited CTOD values of 0.230 to
0.321mm. The majority of the specimens exhib&ethnging from 0.026 to 0.151mm across
the temperature range of -120 to “60 The RH5%SA microstructural condition exhibited
two &, values at room temperature ranging from 0.499.56Tmm. &, values range from
0.173 to 0.381mm across the temperature rangeOofo-620C ands. values from 0.034 to

0.170mm across the temperature range of -120 fi€-60

The amount of stable crack growth is plotted agal®OD values, as shown in Fig.8.17 and
Tables 8.5 to 8.8. The stable crack growth ranfyech O to 0.317mm for the ADAR
microstructural condition compared with 0 to 0.298nfor the RHAR microstructural
condition. For the 5%SA microstructural conditithie stable crack growth ranged from 0 to
0.325mm and 0 to 0.363mm for the AD5%SA and RH5%fiArostructures respectively.
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Fig. 8.18 illustrates the stable crack growth gldtagainst temperature, following the same
trend as Weld RL; the amount of stable crack growth increases imitheasing temperature.
dc values are exhibited on the lower shelf, as tingptrature rises up through the transition
region there is a mixture of all three CTOD destgmes with 6., values defining the upper
shelf.

8.3Fractography

Fractography was carried out on selected specif@nshe RH and AD microstructural
conditions in both the AR and 5%SA conditions. &dnactography was carried out on both
weld metals, but attention is given to WeltPNand particularly to testpieces which presented
some areas of cleavage fracture. It was also gakém check the fatigue pre-crack tip in
relation to the weld microstructure and the positwf the corresponding physical crack
extension. Fig. 8.19 and Fig. 8.20 show typicatture surfaces for both the AD and RH
microstructures, clearly illustrating that the date pre-cracks were properly located within
the desired location and microstructures (AD or RHA number of specimens exhibited
irregular stable crack extension prior to the ordeiransgranular cleavage fracture. In the
case of the RH microstructure the fatigue precrdpkand corresponding stable crack
extension are always located within this microdtitee  This is mainly a result of notch

positioning with respect to weld cross-section,chhonly samples this microstructure.

Fractography for some of the specimens are presémteig. 8.21 - Fig. 8.34. As previously
discussed for the tensile and Charpy specimendiraloture surfaces are characterised with
many of the same features. Fig. 8.23 shows fraapdry carried out on Sample 31, ADAR
Weld N°1, where both sides of the fracture surface wessmixed, secondary cracking was
noted close to the cleavage initiation site (CIBig. 8.25 exhibited a large amount of ductile
tearing as well as cleavage steps. Sample 5, RASMW®Id N°2 exhibited a large secondary
crack, initiating from the CIS. Some samples pmes@ stable crack growth followed by

transgranular cleavage, mainly for the AD microgilee. The remaining specimens
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exhibited stable crack growth, with no cleavagectiree mechanism both the specimen
reached the maximum load plateau. On some spesiih@mas possible to trace back river
lines on large grain boundary ferrite cleavage t&ate a distinct initiation site, Fig. 8.21 and
Fig. 8.23.

The micromechanism of fracture in the stable cigrcvth regions of all the microstructures
and conditions was microvoid coalescence formedrataon-metallic inclusions, as shown
in Fig. 8.22, Fig. 8.26, Fig. 8.31 and Fig.8.33.xamination by fractography of these
testpieces which had failed by fracture instab#ityppwed that this was a result of the onset of
brittle fracture by transgranular cleavage. The #i2cimens for both the AR and 5%SA

conditions displayed a wide distribution of cleagdgcet sizes.

The AD microstructural fracture surfaces are chareged by a “rough” appearance resulting
in shallower voids, this is due to the morpholodytlte microstructure. Within the RH
microstructural condition the cleavage facets waoge uniform in appearance; this resulted
in a “finer” surface appearance for the cleavagettire surface. These small facets crack
propagation more difficult as the crack must chagigection more often, shown in Fig. 8.22
and 8.26 for the RHAR and ADAR conditions respesily Previous [15] research carried
out on the same weld metal also noted that there wisually shallower voids for the RH
microstructure compared to those of the AD micradtire. Theory also suggests that
dislocation pile-up causes the inclusion to cract aucleate a microcrack, limiting the pile-
up length is the grain size (equivalent to the tfagiee). Cleavage initiation sites were
identified by tracing back diverging river line3he majority of these testpieces showed that
cleavage initiation occurred in non-metallic inctus located within large cleavage facets,

these are shown in Fig. 8.21 and Fig. 8.27.

The McMeeking [232] analysis of the stress distitiu ahead of the blunted crack-tip shows
that the peak tensile stress occurs at a distant&d whered is CTOD. Fractography was

carried out on the fracture surfaces to measureligtance of the initiation site ahead of the



Pagel|l71

ductile crack-tip. The results are shown in Tal@€sto 8.13 for both weld metals in all four
conditions, good correlation was found betweenptieglicted site from the McMeeking [232]
analysis and the actual measured site. Fig. 818bFag. 8.36 illustrate the results plotted
against temperature for Weld®Nand Weld R2 respectively. Generally, the actual sites were
located slightly ahead of the position of peak itenstress predicted by the McMeeking
analysis.

8.4Discussion

8.4.1CTOD values.

The effects of plastically deforming and staticadyain ageing the A533B Class 1 weld
microstructures has been assessed through CTOP tésie tests were carried out on weld
metals for both microstructures; AD and RH and bwilcrostructural conditions; AR and
5%SA. The tests were carried out over the temperaiange of -196 to 2G on Charpy
sized specimens (10 x 10 x 55mm) to assess thstaese to stable crack extension. The
results clearly showed a significant effect ofistatrain ageing on the fracture toughness for
the AD microstructure. Pre-cracked Charpy sizeecspens were chosen because they are
used in surveillance schemes for the nuclear imgyd#, 15, 233]. However, smaller
specimens tend to fracture under a mix of plar@rs@nd plane stress conditions, reducing
the plastic constraint near the crack tip [15, 233{ie to the fine scale of the weld metal care
was taken for the specimen preparation, leadintpecattainment of an initial ligament size,
permitting enough microstructure to be sampled a@hafathe fatigue pre-crack within the
process zone. Sampling plays a critical role, ighdr temperatures yield stress is lower,
therefore the maximum tensile stress availablerteedcleavage is also lower, therefore a
more potent site to initiate cleavage is neededie @ specimen size the maximum tensile
stress position may not sample a potent site favege, hence, cleavage fracture does not
occur, instead the crack front moves forward via #table crack growth mechanism.
Through this mechanism the position of the maximiamsile stress is pushed forward,

material is sampled until a potent cleavage indrasite is sampled and catastrophic failure
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occurs. It should be noted that CTOD values al@utated from the measurement of physical
crack length. In some case%,, values the ductile crack extension continuesr dfte
attainment of the maximum load, where the net spewi section plastically collapses.
However, some samples, still fail by cleavage.Fig 8.8 and 8.17 for Welds’N and N2,
respectively, the effect of the amount of stabletitis crack growth and increase in CTOD
values is shown. Clearly, the value of CTOD inse=maas the value of ductile crack growth,
Aa increases, therefore, it is noted that an efféchicrostructural condition is seen clearly
only for the RHAR condition. In Fig. 8.9 and 8.1Be influence of test temperature on the
amount of ductile crack growth is shown. In gehettee amount of ductile crack growth
increases with increasing temperature, althoughrémel for Weld N1 is highly scattered at a

given temperature.

Such an analysis indicates the importance of psecwtuctile crack growth in determining
CTOD toughness values. Such ductile crack growtimterrupted by catastrophic cleavage
fracture (foré. andé, values) and occurs close to the predicted postibthe maximum
tensile stress (189, Fig. 8.35 and 8.36. For both welds, the RHARmstructure exhibits
the best CTOD toughness with temperature; see&igand 8.14 for Weld 1 and N2,
respectively. For this RHAR microstructure a givamount of ductile crack growtm8),
Fig. 8.8 and 8.17, the CTOD is increased, condistéth more energy absorption with crack

advancement.

After strain ageing, the amount of ductile craclovgh prior to cleavage at a given
temperature, see Fig. 8.18 for Wel@Nin particular is reduced from those compared wit
AR condition. Now it is likely that the resistantecleavage fracture has been reduced. The
load versus displacement curves presented in Flg: 8.4 for Weld K1 and 8.10 - 8.13 for
Weld N°2, clearly show that the AD microstructure hadwdpCTOD toughness than the RH
microstructural condition in both the AR and 5%S#nditions in both welds. In addition, a
reduction in work hardening exponent could leac tower value of CTODg, per unit of

stable crack extensiona. This is a similar trend to that seen in Chapgcimens tested in
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the transition region, where the amount of absorbeergy per unit of ductile thumbnail
extension shown to be lower for the 5%SA conditompared with the AR condition.

8.4.2Modelling Cleavage Fracture.

Cleavage fracture mechanism in low alloy ferritieet weld metal occurs under tensile stress
controlled fracture mode, where stress developadbéa concentrator such as the crack tip.
Load is applied to a testpiece, the plastic stiairthe process region ahead of a stress
concentration increases, thus nucleates a micrhodraca non-metallic inclusion (brittle
second phase particle). The microcrack propagateshe surrounding ferrite matrix under
the influence of the applied stress, the maximumsile stress is considered to be temperature
independent. The materials toughness and cledvagiire resistance is controlled by the
materials flow properties and the distribution aside of non-metallic inclusions and
microstructural parameters of the weld (e.g. grsime and microstructural constituents)

within the process zone and crack-tip (region ghrstress).

The materials plastic behaviour for example, yislgess and the materials microstructural
parameters, distribution of inclusions and grairesiare two main factors which appear to
control the weld metals cleavage fracture resigarierevious studies into the effect of strain
ageing on cleavage fracture in C-Mn steels [9,153, 158, 191, 213] and A533B steels [14,
15] demonstrated that initiation inclusions wereaked within large allotriomorphic ferrite

grains. This is in agreement with the results frivpactography examination carried out on
cleavage initiation sites on the fracture surfamethe CTOD specimens, which revealed that
within the AD microstructure initiating inclusiongere located within large allotriomorphic

ferrite grains, presented in change Fig. 8.23 agd&29. Patriocinio [15] noted in a recent
study of A533B that both the AD and RH microstruetipresented similar inclusions size
distributions.  Fractography revealed that withimee tRH weld metal region initiating

inclusions were located within large cleavage fcalthough these cleavage initiation sites
are smaller than those observed in the AD microsiral region. It can be assumed that
inclusions crack under the influence of dislocatie-up; hence, large allotriomorphic ferrite
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grains would have more influence on cleavage fractesistance than smaller equiaxed

ferrite grains (both before and after microcradkation).

CTOD curves clearly show that the toughness oRHAR microstructure is greater than that
of the AD weld metals for both the AR and 5%SA dtinds. McRobie and Knott [52]
proposed that C-Mn weld metal in a strain aged itmmdwould have a reduced toughness
and therefore catastrophically fracture by cleavape lower value of CTOD, compared to
the AR weld metal, thus increasing the severitgtcdin ageing which result in smaller values
of CTOD.

If global prestrain is uniformly distributed, thehe total strain applied should be equally
distributed in the equiaxed ferrite of the RH msgtracture compared to the AD
microstructure, where strain is more easily acconated by deformation of grain boundary
ferrite grains. The morphology of the AD microstiwre, e.g. large allotriomorphic ferrite
grains and long dislocation pile-up lengths mayla&xpwhy the AD microstructure is more
susceptible to strain ageing and therefore prasgntower cleavage fracture resistance

compared to the RH microstructure.

8.4.36-R Data Validity

During this programme of work, pre-cracked Charjzgd specimens (10x10x55 mm) were
chosen mainly because they are often used in dlan@@ schemes carried out within the
nuclear industry. However, there is a general eomavith size effects of the specimen and
little fracture toughness data has been obtainedrf@ll sized specimens. These specimens
tend to fracture under a mixture of plane stress @lane strain conditions that reduce the
plastic constraint near the crack tip and can rieeCTOD value. The pre-cracked ligament
size is only 5mm and the amount of microstructama@ed ahead of the fatigue pre-crack tip

in the process zone is small to the extent than éve weld beads as seen by Well2dan
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sample a single microstructural region by the citgzk However due to the fine nature of the
weld beads, this become more problematic.

Some of the specimens from both weld metals testme -80C exhibited catastrophic
brittle failure after the attainment of the maximuorce plateau. However it is well
documented [14, 15, 234, 235] that the maximum latainable depends on yield stress of
the material and on the ligament size. After thtaimment of the maximum load the net
specimen which collapse plastically, however a nemds specimens still failed by cleavage
fracture. At higher temperatures, the yield stisdewer and therefore the maximum tensile
stress available for cleavage fracture is lowersampling plays an increasingly important
role. The maximum tensile stress position maysamhple such a potent site and therefore
cleavage did not intervene and so the crack froowes forward via a ductile crack growth
mechanism. As this is happening the position ef thaximum tensile stress also moves
forward with sampling more material until a potsite for cleavage fracture is sampled and
catastrophic fracture results. Within these sreathples it appears possible that the crack
front can grow to a point where the maximum loaduos without cleavage initiation site
being observed and the net section collapse ofpleeimen starts to occur. The crack is still
growing and sampling of more material continues trealefore eventually cleavage fracture
intervenes presumably because a potent site hasfineed. Thus it is plausible that in larger
specimens that cleavage fracture might have imbexvddefore the maximum load. On the
USE level there is a lot of scatter even aftervalhgy for different initial crack lengths
(ligament size). Thus, despite the stable ductiek tip was located within the top weld
bead, the process zone could reach the secondoeattiwhere cleavage fracture occurred, as

schematically shown in Fig. 8.37.

In small specimens the USE is determined largelyth®y maximum load attained before
plastic collapse and this is dependent on the faedaining ligament and therefore its size.
This must also affect the amount of stable growétk that can occur before plastic collapse.
For specimens with initial long crack length onlgraall amount of stable crack growth can

occur before the ligament can no longer sustairidheé, thus a “m” value is recorded. If the
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ligament had been larger the ductile crack growghlat have been longer and therefore

sampled a potent cleavage fracture initiation dites could lead to a “u” value being

recorded, so care must be employed when intergregisults for small scale testpieces.

8.4.4Fractography.

The effect of plastically deforming and staticallyain ageing the AD microstructure led to a
reduction in the value of CTOD at fracture, comparethe RHAR and ADAR weld metal.

Major cleavage initiation sites on the crack-tipenjmg displacement surfaces were often
visually observed to be within allotriomorphic asealn fact, Novovic [13] concluded that
initiating inclusions in the AD microstructure dig C-Mn weld metal were located within
allotriomorphic ferrite grains. Patrocinio [15]sal observed cleavage initiation sites (CIS)
within allotriomorphic ferrite grains for tensil€harpy impact and blunt notch test specimens
in A533B Class 1 steels.

The fracture mechanism in the CTOD testpieces wables crack growth (microvoid
coalescence) followed by cleavage fracture. It whserved that a number of testpieces
reached the maximum load plateau, either failingcleavage fracture, or the test being
stopped. Some of the specimens failed under plastlapse after attaining the maximum
load plateau. Microvoid coalescence (MVC) occuysthe internal necking mechanism
through the formation of voids around non-metalticlusions and secondary phase particles
by decohesion of the matrix/ inclusion interfadéne growth of these voids is aided by plastic
deformation, leading to ultimate coalescence aedfdlhmation of the final fracture surface.
During the stable crack growth, the amount of epeafpsorbed depends on the weld
characteristics, as void nucleation and void groavthinfluence by local plastic deformation.
The appearance of the cleavage fracture surfaceretif between the AD and RH

microstructures, the microstructure clearly showedrser facets when compared to the very
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fine facets of the RH microstructure, Fig. 8.22 aRd). 8.26, for the RH and AD

microstructures, respectively.

Cleavage fracture initiation sites have been tratmedon-metallic inclusions within large

cleavage facets which appear to be larger thamavbeage grain size. Hence, the dislocation
pile-up length is increased in large grains, megngher stress build up against the
inclusions within the grain and makes inclusionsrenkiable to crack than those in other

grains.

Novovic [13] observed in 9% prestrained C-Mn weletat a “fast shear” mechanism
occurred along shear band of localised plastiénsttaring ductile fracture instead of internal
necking process. Hence overall the strain anduradoughness associated with microvoid
coalescence is significantly smaller in 5%SA caodittompared to those in the AR material

condition.

It is proposed that the RH microstructure is toughan the AD microstructure due to their
greater resistance to cleavage fracture, as shgwheblarger CTOD values observed for the
RH microstructure. Critical tensile stress mustkeeeded some distance ahead of the crack-
tip for cleavage to occur. The local cleavagettrac stress is considered to be temperature
independent. The materials toughness and cledvagiire resistance is controlled by the
materials flow properties and the distribution aside of non-metallic inclusions and
microstructural parameters of the weld (e.g. gsdm@ and microstructural constituents)
within the process zone and crack-tip (region ghhstress). However, as the temperature
decreases and the yield stress increases it beaases for local tensile stresses to attain the
local cleavage fracture stress and hence for cigav@ occur. Also, the AD5%SA
microstructural condition exhibited high yield stsecompared with both the AR conditions,

thus tending to promote cleavage fracture if thaglel of behaviour is accepted.
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The toughness of the RH microstructure is highemtlthat of the AD microstructure;
therefore the crack may have to advance furthea oluctile fracture mode until a potent
inclusion site is sampled within the RH microstwrat region. The McMeeking [232]
analysis of the stress distribution ahead of atelicrack-tip shows the peak tensile stress
occurs at a distance of §,%his distance was calculated from earlier studesRice and
Johnson [204] and corresponds to fullest extentogérithmic spiral. Fractography was
carried out on all the fracture surfaces, and slloga®d correlation between the initiation site

and its distance (169 ahead of the stable ductile crack growth.

8.5Conclusions

1. Fractography has located major cleavage initiasites, and these are located close to
the positions of maximum tensile stress ahead ef dhctile crack growth (as
predicated through the McMeeking finite element Igsig). This supports a
micromechanism of failure, where stable ductileckraggrowth is interrupted by
cleavage fracture at a location of peak local terstress.

2. Good correlation has been seen between CTOD valveshe amount of precursor
ductile crack growth. For Weld Wl and Weld K2, one particular microstructure
RHAR, it can be suggested that the ductile cragkwgr resistance is increased
relatively to the other conditions, because a sim@mount of ductile crack growth,

results in increased CTOD values.

3. The result of strain-ageing appears to be condistéth a reduction in cleavage
fracture resistance, because at a given temper@tien cleavage occurs) the amount
of ductile crack growth is reduced. This resultdawer CTOD valves and is seen

here, for Weld K1 in particular.
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Chapter 9 - General Discussion.

9.1Introduction

Throughout this current body of work a large amowoftresearch and data has been
undertaken to analyse a low-alloy ferritic steeldwmetal and establish relationships between
the microstructure (AD and RH) and its propertiesboth the as-received and strain aged
conditions. The microstructure of the weld has thstinctive regions with very different
microstructural constituents; the aim of the stwdgs also to investigate the AD and RH
microstructures independently to identify any clédfierence in strength and toughness. This
chapter brings together the main observations temsile, Charpy, slow notch bend (fracture
stress) and CTOD tests to produce a consistenturpiadf the factors that control the
toughness of such welds. Opportunity is also takesompare trends between data collected
for Weld N°1, Charpy impact values and fracture stress datiected as part of a previous
programme of work [15], and Weld°R| collected as part of this current body of workl a

analysed collectively.

9.2Comparison of impact transition curves and
CTOD values.

Trends for both such “toughness” tests are sinfidathe range of microstructural conditions
investigated, see Fig. 6.18 and Fig. 8.14. Exteeaféoehaviour are seen for the RHAR and
the AD5%SA conditions in terms of impact energyueasl and CTOD toughness values with
temperature. The importance of precursor crackvirgprior to cleavage in controlling

impact toughness and CTOD values has been demwustsee Fig. 6.25(a) and Fig. 8.17.
The observation of unique cleavage fracture intrasites in blunt notch and CTOD tests has
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also confirmed, in general, the importance of maximlocal tensile stress in controlling

cleavage fracture, see Fig. 7.6 and 8.36.

Impact experimental results have shown that faitreipper shelf energy test temperatures
was one of microvoid coalescence, typical of loleaferritic steels. The fracture mode is
driven by void nucleation on non-metallic inclussdoy decohesion of the matrix / inclusions
interface and their subsequent growth and finalleses&nce to form a fracture surface.
Extensive fractography of the Charpy, CTOD and itenspecimens tested in both the
transition region and the upper shelf region shbat hon-metallic inclusions act as void
initiators after prestraining and static strain inge Thus the fundamental ductile failure
mechanism is unchanged by this thermomechanicatihtient. Another consideration relating
to the Charpy and CTOD experimental results ig¢éisponse at the transition and upper shelf
test temperatures, the fracture surface appeardrasacterised by microvoids is very similar
for all conditions. This is a consequence of timuglly identical distribution of non-metallic
inclusions for both weld metal regions. Ductil@ak growth is dependent mainly on the
deformation characteristics of the material, angstthe amount of absorbed energy, in view
of the fact that both the void growth and nucleatoe processes of local plastic deformation
the energy absorbed in the impact test is a réfleadf energy spent in the deformation
process. Therefore at the upper-shelf and transitemperature range the deformation
characteristics of the materials play a key rol¢h@ overall impact response. Applying the
cold deformation and static strain ageing treatmgneatly affects the deformation

characteristics of both weld metal regions.

Typically over the temperature range from -120 @C2 the yield stress increases by some
100MPa after straining and ageing, Fig. 6.17(a)jlevthe tensile strength is essentially
unaffected, Fig. 6.17(b). Naturally, a reductionniork hardening exponent is thus observed
from a mean value of 0.19 to 0.11 as a result @irstageing over this same temperature
range, Fig. 6.17(d). The slope of the load-disptaent curves post yielding and lower CTOD
values observed for the AD5%SA condition confirmattithe microvoid coalescence

mechanism is affected considerably compared toAtRecondition. Thus, for example, the



Page|181

same amount of stable crack extension the RHARitondyave higheb values than for the
AD5%SA condition, see Fig. 8.17. In addition te theformation characteristics of the weld
metals the cleavage fracture resistance can alsionpertant for controlling the physical
amount of ductile thumbnail extension in the tréosi region if cleavage results in

catastrophic failure.

Local cleavage fracture stress was assessed fdr thet as-deposited and reheated
microstructures, for both conditions, AR and 5%SAhe RH microstructure presented
slightly higher cleavage fracture resistance (20P8M than the AD microstructure
(1910MPa), Table 7.1 Fig. 7.3. After straining aggting the RH microstructure continues to
exhibit higher cleavage fracture resistance (1808MRhan the AD microstructure
(1710MPa); however these values are slightly reducempared to the AR condition.
Previous studies have demonstrated that the temaperat which fracture is coincident with
the general yield of the specimen increases with essult of prestrain and strain ageing on

cleavage fracture [47, 230].

These values 06y in combination with the yield stress and work leamidg exponents
measured for each condition, allows the cleavaagure resistance of each microstructure to
be quantified. To a close approximation, both Afl &H microstructures exhibit similar
values of yield stress (Fig. 6.17a), work harderemgonents (Fig 6.17(d)) and hence their
cleavage fracture resistance will depend directiytiee values obyo appropriate to each
microstructure, Fig 7.3. These values are alssetyosimilar leading to the suggestion that
the transition from ductile crack growth to cleagdacture would occur under near identical
conditions. Thus transition temperature energy@di®n in Charpy impact test ardd, o,
values obtained in CTOD test might be expectedctuioat very similar temperatures. As
can be seen in Fig. 6.18 and Fig 8.14 for Charp @hOD behaviour respectively, some
small difference are still observed. This appéaise as a result (at least in the CTOD test) of
a greater value of CTOD resulting from similar leg€ductile crack extensiom\a, see Fig.

8.17. This would not have been predicted fromtémsile properties evaluated in this current
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work, and perhaps suggests the importance of fughely to evaluate CTOD resistance

curves more carefully.

Such analysis can also be used to compare therpenfice of the AD and RH microstructures
after strain ageing. Now, the cleavage fractusestance is reduced slightly, see Fig 7.3, but
significantly the yield stress is also increasdéradtrain ageing Fig. 6.17. If the mechanism
of cleavage fracture is driven by achieving a Ideaisile stress abowg, then less stress
intensification of this (higher) yield stress iqu&red, and cleavage fracture should result
more easily for such strain age conditions. Indieslis reflected in both impact and CTOD
values, see Fig. 6.18 and Fig. 8.14 respectiv@lyis is also consistent with reduced ductile
thumbnail (Fig. 6.25) and reducesh, (Fig 8.17) observed in impact and CTOD tests
respectively at a given test temperature.

9.3Trends between Weld N1 and Weld N°2

As mentioned, some preliminary work was carried outWeld N1 as part of a previous
body of work [15], assessed Charpy impact valueskdant notch tests. These experiments
were revisited as part of the current programmeark, as well as tensile and CTOD tests.
Charpy impact values for both WeldNand Weld R have been plotted in Fig. 9.1. The
ADAR condition absorbed energy values ranged frota 340J for Weld Rl and 3 to 143J
Weld N°2. The RHAR condition ranged from 3 to 153J forldvh°l and 4 to 167J Weld
N°2. After 5%SA the AD microstructure absorbed egerglues ranged from 5 to 146J for
Weld N1 and 2 to 105J for Weld™® and for the RH microstructure 5 to 154J and 24@J.
Initially it can be seen that the RHAR microstruaiucondition exhibits the best impact
properties when compared to the AD5%SA conditiohjctv exhibited the worst for both
weld metals. The upper shelf energy levels fohbatld metals are broadly similar, however
the 5% condition for Weld 2 are slightly lower than those for Weld®N Both weld
materials exhibited a 50J shift in USE betweenRiAR and AD5%SA condition. After
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straining and ageing, for both weld metals thers amincrease in the transition temperature
and a decrease in the USE.

Examining the two extremes in condition, at DBTT46f), the RHAR condition for Weld°l

is -80°C compared with -5C Weld N2, the AD5%SA condition exhibited temperatures of
20°C for Weld N1 and -16C for Weld N2. The overall difference in DBTT at 40J was
100°C for Weld N1 and 65C Weld N2. The Charpy impact values for both RH
microstructural conditions are higher for Weld1Ncompared with Weld f2. The ADAR
microstructural condition for Weld ¥ exhibits similar Charpy values for RHAR condition
for Weld N2, it can also be seen that Weld2Nexhibits similar values for ADAR and
RH5%SA microstructural conditions. There is gogdeament in the Charpy values for both
weld materials for AD5%SA microstructural conditson Both weld materials within the
transition region exhibited scatter, however the mRidrostructure exhibited more compared
with the AD microstructure. One explanation foistls the placement of the notch location,
which is relatively difficult for the RH microstrture, whereas the AD microstructure is
easier to place due to the geometry of the AD wmddd. For both weld metals and all
conditions there is very little scatter on the lowsbkelf energy levels. For both Charpy and
CTOD test data for Weld M there is clear separation in the data betweernaAR 5%SA
conditions, however this is not as prominent forl#B°2, where the ADAR condition
exhibited similar as the RH5%SA condition.

Considering both the weld metals as one data setictted in Fig. 9.2, it can be seen there is
considerable scatter in the data, especially intthesition region -40 to°C, this is more
prominent in the RH microstructure compared witlke thD microstructure, there is little
scatter observed for the AD5%SA condition. Thedreemains the same, with the RHAR
condition exhibiting lower DBTT and higher USE, goaned with the ADAR condition.
These are further decreased after straining andnggevith the AD5%SA condition
exhibiting the highest DBTT and lowest USE. At 488 RHAR condition has a temperature
of -70°C compared with -AC¢ for the ADAR condition, a shift of 3€¢. The RH5%SA

condition observed a temperature of°@@ompared with 1T for the AD5%SA condition, a
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shift of 5C. Comparing the best (RHAR) and worst (AD5%SA)ditions, there is a shift

of 80°C. Examining USE levels, the RHAR condition extedithe highest at 158J compared
with the worst case of AD5%SA condition of 110&8exrease of 48J, with the RH5%SA and
ADAR having a similar USE level of approximately5U3 There is very little scatter of data

of lower shelf energy levels.

Local cleavage fracture stressy, for both microstructures and both conditionstdoth weld
metals are plotted separately in Fig. 9.3 and tmgeds one set in Fig. 9.4. It can be seen that
the local cleavage fracture stress values for aittrostructures for Weld 12 are slightly
higher than those for Weld®°N, for the AR condition. However after strain aagking, the
local cleavage fracture stress values are nowtgligigher for Weld N1 compared to Weld
N°2 for both the AD and RH microstructures. The Ridrostructure for both conditions also
exhibits slightly higher local cleavage fractureress values compared with AD
microstructure. If average values of local cleavéi@cture stressxo are quoted for each
condition for Weld N1, then these average values are 1660MPa and 1% 8MMRHAR.
After strain ageing the averaggo values are 1852MPa and 2027MParespectively. Aeerag
oxo Values for Weld R2 are previously discussed in Chapter 9.2 and showiable 7.1 and
Fig. 7.3. However as Fig. 9.3 and 9.4 demonstregalifference are slight between WeltlN
and Weld N2.

In summary, the two weld metals can be treatechasdata set, however there will be a lot of
scatter in the transition region for both the Clyaapd CTOD results. The results across all
the experiments completed as part of previous pragres of work and this current
programme are essentially the same. There atd slifferences in upper shelf energy levels,
DBTT, hardness values and yield stress values. edew the trends remain that strain and
ageing the material reduces upper shelf energydeared CTOD, slightly reduces cleavage
fracture stress and ductile crack resistance aackases DBTT, hardness and yield stress.
Given that the scale of the weld beads, with Weldl Naving larger beads and few passes
compared with Weld R, this close agreement in behaviour gives confidehat underlying

micromechanism of crack growth resistance are blasmilar for both welds.
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Chapter 10 - Conclusions and

Suggestions for future work.

10.1 General Conclusions

Tensile and fracture properties of two microstruesuas-deposited (AD) and reheated (RH))
and the possible detrimental effects through paestrg and static strain ageing treatments
were assessed for two (simulated) reactor pressessel steel weldments. Materials
characteristics were assessed through hardneskegrofiicrostructure and inclusion analysis
and GDS. Weld metal toughness was assessed is tdr@harpy impact and tensile tests,
and crack-tip opening displacement tests. Thevalga fracture resistance of the two weld
metals was measured through slow blunt notch bgntdists carried out at -195. These
tests were carried out for four microstructural dibtbns ADAR, RHAR, AD5%SA and
RH5%SA.

1. Tanh curves were fitted to the impact transitionadéor both the AD and RH
microstructures in both conditions, AR and 5%SActonpare the data in terms of
ductile-to-brittle transition temperature (DBTT)40QJ energy level. Strain ageing had
the effect both to shift in the transition curvevewds higher temperatures for the AR
condition and reduce the lower shelf energy lewdlich is more prominent for the
5%SA condition, the extent of these effects depemdthe weld metal microstructure,
either AD or RH. Extremes in behaviour were notestween the RHAR and
AD5%SA weld metal conditions with a shift of &5 (at the 40J value). For these
extremes of condition a reduction in upper shelrgp level of approximately 53J.
Thus these two conditions can be considered a%hé#st (RHAR) and the ‘poorest’
(AD5%SA) conditions.
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2. The upward shift in the ductile-to-brittle traneititemperature of both the RH and the
AD weld metal microstructures, implies that the $®«®ndition indirectly promoted
brittle fracture of these types of weld metals.rafét ageing reduces the upper-shelf
energy level and shift the DBTT curves for the ARBndition towards higher

temperatures.

3. Impact energy values obtained from the Charpy téstsboth the AD and RH
microstructures in both the AR and 5%SA conditisrese found to be subjected to
significant variation in the transition region, caeteristic of this type of test. Lower
shelf impact energy values are much less scattaretl are insensitive to both
microstructure and treatments. However, at aleotiemperatures there is a clear
trend for specimens with the notch root locationthe RH microstructure having
greater impact toughness than specimens with énrlotated in AD microstructure.
Scatter was more prominent in the RH microstrucamd this is deduced to be the
notch being more difficult to locate in the criticagion of the microstructure, due to

the fine scale of the weld beads

4. Performing cold deformation and static strain agéreatments proved to have similar
trends in terms of impact energy transition curasdrradiation, hence reducing the
upper-shelf energy levels and shifting the traositicurve towards higher
temperatures. The magnitude of these effects canrebated to weld metal
microstructure, with the AD microstructure beingystly more sensitive than the RH

microstructure.

5. The microstructure is also found to have a markéldence on the slope of the load-
displacement curves for the CTOD results, in bbthAR and the 5%SA conditions.
The RH microstructure showed higher CTOD values pamed to the AD
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microstructure, in both weld metal conditions, fsimilar stable crack growth
extensions. The extreme effect of static stragiraggon the fracture toughness of the
AD microstructure has been confirmed with these OTi®sts. This result strongly
supports the idea that the straining and ageingtnrent considerably affects the

deformation characteristics of the weld metal maker

. Static strain ageing on the notch toughness ofCihapy specimens affected the AD
weld microstructure more compared with the RH nstmacture; therefore attention
was paid towards the cleavage fracture resistafhdheoweld metal for different
conditions. In terms of local cleavage fractureesdt results showed that the AD
microstructure had slightly lower cleavage fracturesistance than the RH
microstructure, however both of these weld metalrostructures after straining and
ageing had similar values of local cleavage fracgiress but with increased values of
yield stress. Thus, either cleavage fracture tasi® is deduced to be reduced
compared with the as-received microstructures. s Thiconsistent with the easier
transition from ductile crack extension to cleavageture at a given temperature in
both impact and CTOD tests, and is the single nmogbortant factor in reducing
toughness in strain aged material (when such loeathanisms of fracture are in

competition).

. Cleavage fracture initiates from individual non-aikt inclusions at positions close to
that of the maximum local tensile stress preseeadlof a stress concentration. These
are observed to be located in relatively largetatimorphic ferrite grains for the AD
microstructure and equiaxed ferrite grains for Rid microstructure. It was also
noted that the distance to the critical initiatete (X)) is dependent on microstructure
as the AD exhibited lower values compared with Ri¢ microstructure in both the
AR and 5%SA conditions.
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10.2 Suggestions for Future Research

Throughout this thesis numerous topics have bestudgsed and it is clear that many of the

ideas and thoughts have not been fully exhaustédhis current time a complete “simulation

procedure” of neutron embrittlement and its effebiss yet to be developed. Cold

deformation (prestraining) and static strain ageah@@0GC have been used throughout the

work in this thesis to suggest the effects of rauirradiation on this weld metal. Reduction

of cleavage fracture stress though grain boundagregation and the corresponding

intergranular fracture mode that may be causedelbyran irradiation, cannot be assessed.

Other areas of interest would be:

To determine cleavage fracture, this is define@ byicrostructural unit” meaning the
position, facet/ grain and inclusion size, are gs&d. It has also been shown using
fractography that cleavage fracture was initiatetarge allotriomorphic ferrite grains,
this was associated with long dislocation pile epgths. However this was not
measured as part of this current work, therefoee rtfeasurement of the density of
dislocations and length would be of great interesperiments could be carried out on
both the AR and 5%SA conditions using transmissil@ctron microscopy (TEM) to
confirm this theory.

CTOD tests were preformed on Charpy - size spea@mdnch had been precracked,
the tests were carried out with limited effectivenedor obtaining valid fracture
toughness parameters. Larger specimens would teedme employed for future
experiments although care over the crack tip woeled to be employed to ensure that
the desired microstructure/ region of weld meta$ Wwaing sampled.
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More work should be carried out on the modellinghaf transition data for the Charpy
results. The data collected during this work waalysed using a Tanh fit model,
which is strongly influenced by the upper and lowkelf data. Todinov [236, 237]
and Novovic [13] have proposed using the Avanmivihich model the transition
region separately from the upper and lower shelthres,may provide a better fit for

the data presented in this thesis.
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